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Abstract

The SiC layer integrity in the TRISO-coated gas-reactor fuel particle is critical to the performance, allowed burn-up,
and hence intrinsic efficiency of high temperature gas cooled reactors. While there has been significant developmental work
on manufacturing the fuel particles, detailed understanding of the effects of the complex in-service stress state combined
with realistic materials property data under irradiation on fuel particle survival is not adequately understood. This parti-
cularly frustrates the modeling efforts that seek to improve fuel performance through basic understanding. In this work a
compilation of non-irradiated and irradiated properties of SiC are provided and reviewed and analyzed in terms of appli-
cation to TRISO fuels. In addition to a compilation and review of literature data, new data generated to fill holes in the
existing database is included, specifically in the high-temperature irradiation regime. Another critical piece of information,
the strength of the SiC/Pyrolytic carbon interface, was measured and is included, along with a formalism for its analysis.
Finally, recommended empirical treatments of the data are suggested.
� 2007 Elsevier B.V. All rights reserved.
1. Introduction

The TRISO coating system has become the most
common technique for fabricating fuels for the
currently operating gas cooled reactors as well as
the next generation high-temperature gas cooled
reactors such as the pebble bed reactor being under-
taken by PBMR Pty. Ltd. South Africa and the
various very high temperature reactors being stud-
ied under the international Generation IV reactor
program. Fig. 1 shows a schematic representation,
and a SEM cross-section image of a heavily irradi-
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ated TRISO fuel particle. The innermost element
of this particle is the fuel kernel, which is coated
with a low-density pyrolytic carbon (PyC) buffer
layer containing about 50% void. This layer absorbs
fission product recoils from the kernel, provides a
reservoir for fission product gases, and accommo-
dates kernel swelling without transmitting forces
to the outer coatings. The next layer is a high-
density, isotropic PyC layer that protects the kernel
from reactions with chlorine during deposition of
the SiC layer, provides structural support for the
SiC layer, and protects the SiC from fission prod-
ucts and carbon monoxide during operation. Over
this is a high-density, high strength SiC layer which
provides the TRISO coating the ability to contain
the high pressure generated in the kernel/buffer
.
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Nomenclature

a lattice parameter
a0 lattice parameter at the reference temper-

ature T0

Ap creep parameter
As creep parameter
B irradiation creep compliance
Cij elastic constants (tensors), i, j = 1, 2, 3, 4,

or 6
Cp specific heat
d density
D coefficient of swelling-creep coupling
E Young’s modulus
E0 Young’s modulus of pore free material at

the reference temperature T0

G shear modulus
H� enthalpy
HV Vickers hardness
kb Boltzmann constant
kd decomposition rate
K thermal conductivity
Ke electron thermal conductivity
Kirr irradiated thermal conductivity
Knon-irr non-irradiated thermal conductivity
Kp phonon thermal conductivity
1/Kd thermal resistance by defect scattering
1/Kgb thermal resistance by grain boundary

scattering
1/Krd thermal defect resistance
1/Ku thermal resistance by phonon–phonon

(Umklapp) scattering
L0 Lorenz number
m (1) Weibull modulus or (2) bend stress

relaxation ratio
n creep exponent

N0 Avogadro’s number
p creep parameter
pSi dissociation vapor pressure of silicon car-

bide
Q activation energy
S void swelling
t (1) time or (2) specimen thickness
T temperature
T0 reference temperature (=298 K)
Tc characteristic temperature
Tirr neutron irradiation temperature
Tm homologous temperature
Vp porosity
ad thermal diffusivity
a thermal expansion coefficient
�a average thermal expansion coefficient
c electronic specific heat coefficient
ec creep strain
_ec creep strain rate
_eic irradiation creep strain rate
hD Debye temperature
l coefficient of friction
m Poisson’s ratio
r stress
r0 (1) Weibull characteristic strength or (2)

initially applied stress
rd debond initiation stress
rmax complete debonding stress
s creep parameter
sfr interfacial friction stress
�sfr average interfacial friction stress at the

interface
ss interfacial debond shear strength
/ fast neutron fluence
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region by fission, and also provides structural sup-
port to withstand stresses developed due to irradia-
tion-induced dimensional changes in the pyrolytic
carbon layers. This SiC layer can therefore be
thought of as a fission gas ‘pressure vessel’. The out-
ermost layer in the TRISO system is another high-
density, isotropic PyC layer that protects the SiC
during the remainder of the fabrication process
and provides structural stability to the particle dur-
ing irradiation.

A number of TRISO performance models are
currently under development. One common element
to these models is that they use the data provided in
the ‘CEGA’ data report, published in July 1993 and
other review publications [1–4]. The purpose of
‘CEGA’ Report on Material Models of Pyrocarbon
and Pyrolytic Silicon Carbide was to update TRISO
constitutive materials behavior and associated
failure models for use in Modular Helium Reactor
(MHR) fuel particle stress analysis. Unfortunately,
the program that supported this compilation was
prematurely ended. The result is that the CEGA
report, while fairly comprehensive, does not provide
adequate guidance for a number of key materials



Fig. 1. (a) Schematic illustration of TRISO fuel and (b)
irradiated TRISO showing cracked PyC.
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properties needed for fuels modeling. This paper
will begin to address some of the shortcomings of
the CEGA report.
2. Non-irradiated SiC

2.1. Fabrication of silicon carbide

There are many routes for the fabrication of
silicon carbide, and as both the non-irradiated and
irradiated mechanical properties of SiC are a strong
function of the fabrication route, a clear definition
of the materials types is necessary and for this rea-
son are briefly covered here. Silicon carbide was first
synthesized in 1891 by Acheson [5]. The Acheson
process is a carbothermic reduction produced by
electrochemical reaction of high purity silica sand
and carbon in an electric furnace. The general reac-
tion is

SiO2 + 3C! SiC + 2CO ð1Þ

This original report suggested that a-SiC formed
above 2373 K and b-SiC at 1273–1873 K. The SiC
product currently produced by the Acheson process
is commercially known as Carborundum (CAR-
BOn-coRUNDUM).

Various fabrication techniques such as sintering,
direct conversion, gas phase reaction and polymer
pyrolysis are currently used for the synthesis of
SiC. The sintering process is further classified into
several categories based on the sintering agents
used, consolidation mechanisms, and methods of
pressurization. The direct conversion process is
represented by reaction-bonding. A chemical vapor
deposition (CVD) technique is one of the most
familiar gas phase reaction methods for the synthe-
sis of highly crystalline, stoichiometric, high-purity
b-SiC [6,7]. The polymer pyrolysis is often utilized
in production of continuous SiC fibers [8,9] and por-
ous SiC.

Prochazka [10] first developed the pressureless
sintering process using a mixture of sub-micron
b-SiC particles and minor amounts of sintering aids:
boron and carbon. A relative density of >95% was
achieved by sintering at 2293–2373 K without the
application of external pressure. The pressureless
sintering process has a relatively large flexibility
and allows complexity in component shapes. How-
ever, the boron additive, which segregates at grain
boundaries, does not behave well under neutron
irradiation due to the large (n,a) cross-section of
the 10B isotope.

The hot-pressing technique can produce a robust
and dense SiC form. In one variation, liquid phase
sintering enables a lower temperature synthesis of
SiC taking advantage of a low eutectic temperature
of SiC particles and oxide additives such as Al2O3

and Y2O3. These processes, however, limit the
production to simple shape components due to the
strict requirement of uniform pressure during sinter-
ing. Additionally, the excess additives, which tend
to locate at grain boundaries, often cause degrada-
tion of mechanical properties.

The reaction bonding process is a reaction of a
mixture of SiC and carbon particles with metallic
silicon in the form of vapor or liquid. The reac-
tion-bonded SiC has a comparatively low density
due to the presence of residual silicon. A major
drawback of the reaction bonded SiC material is
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severe degradation of the bulk performance stem-
ming from this residual silicon.

The CVD process can produce a solid SiC form
from a gas phase reactant at comparatively low tem-
perature (1173–1373 K) without the use of sintering
aids. Either methyltrichlorosilane (CH3SiCl3), or an
ethyltrichlorosilane (C2H5SiCl3) gas, combined with
a hydrogen carrier gas, are common reactant gases.
The CVD SiC material is typically synthesized by

CH3SiCl3! SiC + 3HCl ð2Þ

C2H5SiCl3 + H2! SiC + 3HCl + CH4 ð3Þ

The product methane resulting from the ethyltri-
chlorosilane reaction in Eq. (3) easily decomposes
to free carbon with a generation of hydrogen as

CH4!C + 2H2 ð4Þ

The free carbon can lead to undesirable carbon
layers or carbon-rich phases when using ethyltri-
chlorosilane as a reactant gas. A fluidized bed
process, one of the CVD techniques, has been
developed for fuel particles to form a pure and
homogeneous SiC coating [11,12]. The representa-
Fig. 2. Equilibrium phase diagra
tive microstructure of the fluidized bed SiC material
was well summarized in Ref. [4]. Early generations
of fluidized bed materials often contain micropores
at grain boundaries [7]. As discussed later, such
intergranular micropores potentially have a signifi-
cant influence on physical-, thermal-, and mechani-
cal-properties at elevated temperatures and under
neutron irradiation. Presently, by optimizing the
process conditions, high-quality SiC material can
be synthesized even at low-temperatures �1473 K.
Of the fabrication routes discussed, only CVD SiC
material (including fluidized bed SiC) is inherently
highly crystalline, pure and stoichiometric, provid-
ing a theoretical density of 3.21 g/cm3. As will be
seen later this is critical to irradiation stability.
2.2. Phase diagram

Fig. 2 shows an assessed equilibrium phase dia-
gram of the Si–C system [13]. This phase diagram,
however, does not distinguish between a- and b-
SiC. The detail of structural transformations of
the SiC polytypes is described in the following
section. The chemical bonding in SiC is not only
m of the Si–C system [13].



Table 1
Crystal structure of the SiC polytypes [18]

Poly-
type

Space
group

Element:
Wyckoff ID, Position xyz

2H P63mc Si:2b, 1/3 2/3 0 C:2b, 1/3 2/3 3/8
3C F43m Si:4a, 0 0 0 C:4c, 1/4 1/4 1/4
4H P63mc Si (1):2a, 0 0 0 C (1):2a, 0 0 3/16

Si (2):2b, 1/3 2/3 1/4 C (2):2b, 1/3 2/3 7/16
6H P63mc Si (1):2a, 0 0 0 C (1):2a, 0 0 1/8

Si (2):2b, 0 0 1/2 C (2):2b, 1/3 2/3 7/24
Si (3):2b, 1/3 2/3 5/6 C (3):2b, 1/3 2/3 23/24

15R R3m Si (1):3a, 0 0 0 C (1):3a, 0 0 3/60
Si (2):3a, 00 2/15 C (2):3a, 0 0 11/16
Si (3):3a, 00 6/15 C (3):3a, 0 0 27/60
Si (4):3a, 00 9/15 C (4):3a, 0 0 39/16
Si (5):3a, 0 0 13/15 C (5):3a, 0 0 55/60
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covalent but also slightly ionic due to the differential
electronegativity between silicon and carbon. The
only stable compound is therefore obtained at the
stoichiometric composition.

Several studies have reported conflicting decom-
position temperatures and species for SiC, as
reviewed by Olesinki and Abbaschian [13]. Pres-
ently, the most reliable thermal decomposition
temperature of SiC is taken to be 2818 K [13]. Spe-
cies generated with substantial vapor pressures are
Si, SiC2 and Si2C gases [14,15]. The amount of other
species in vapors such as SiC, Si2 and Si3 are negli-
gible. Price summarized the dissociation rate of
b-SiC in his review paper [4]. The dissociation vapor
pressure of b-SiC he reported was

pSi ¼ 7:59� 1012 exp � 60926

T

� �
; ð5Þ

where pSi is the dissociation pressure of silicon in
units of Pa and T is the temperature in K. In con-
trast, he also reports a decomposition rate of
b-SiC in a static argon atmosphere over the temper-
ature range of 2173 6 T 6 2373 K as

kd ¼ 2:95� 1013 exp � 56 252

T

� �
; ð6Þ

where kd is the decomposition rate in lg/m2 s and T

is the temperature in K. In the actual TRISO coat-
ing system, the evaporation of silicon will be sup-
pressed due to the presence of the outer protective
PyC layer on the SiC, essentially serving as an envi-
ronmental barrier overcoat.

2.3. Crystal structure

Silicon carbide has myriad polytypes dependent
on the varied stacking of Si–C close-packed atomic
planes [16–18]. The fundamental structural unit in
all SiC polytypes is a covalently bonded primary
co-ordination tetrahedron (either SiC4 or CSi4). A
carbon atom is at the centroid of four silicon atoms
(or vice versa). One of the four Si–C bonds is paral-
lel to, and taken to coincide with, the c-axis of the
crystal. More than 200 polytypes are currently
reported resulting from the wide variety of preferred
stacking sequences [19]. The most common poly-
types are 3C, 4H, 6H and 15R, where the leading
number shows the repetition of the Si–C pair with
C, H and R representing cubic, hexagonal and
rhombohedral crystals, respectively (Table 1). The
crystal structures of 3C-, 4H-, 6H- and 15R-SiC
are schematically illustrated in Fig. 3. The 3C-SiC
crystal, known as b-SiC, has the only sequence out
of the infinite number of variations that shows cubic
symmetry (Fig. 4). All the other polytypes, which
show non-cubic symmetry, are classified as a-SiC.

Fig. 5 shows a stability diagram for SiC poly-
types. The stability of SiC polytypes is primarily
dependent on temperature. The cubic form of SiC
(3C-SiC) is believed to be more stable than the
hexagonal structure (6H-SiC) below 2373 K [21],
although some studies dispute this finding [22,23].
In contrast, 2H-SiC, which has the simplest stacking
sequence, is rarely observed at higher temperatures.
Krishna et al. [24] reported that single crystals of
2H-SiC can be easily transformed to 3C-SiC on
annealing in argon at temperatures above 1673 K.
In addition to temperature dependence, the effect
of minute impurities and deviation from strict C:Si
stoichiometry have been shown to play a role in
polytype stability.
2.4. Lattice parameter and density

Table 2 lists lattice parameters and density for
various structural types of SiC at room-temperature
[25], commonly derived by X-ray diffraction. The
lattice parameter and density of b-SiC at room-tem-
perature are 0.4358 nm and 3.21 g/cm3, respectively.

The lattice parameter increases slightly with
increasing temperature for all SiC polytypes [26–
28]. Li and Bradt [28] reported the temperature
dependence of the lattice parameter at high-temper-
atures for high-purity and polycrystalline b-SiC,
utilizing X-ray diffraction. The lattice parameter of
b-SiC, a (in nm), can be expressed by the third order
polynomial



Fig. 4. Crystal structures of (a) a-SiC and (b) b-SiC.

Fig. 5. Phase stability diagram of SiC polytypes [16].

Table 2
Lattice parameters and density of SiC polytypes at room-
temperature [25]

Polytype Density (g/cm3) Lattice parameter (nm)

2H 3.219 a = 0.3081, c = 0.5031
3C 3.215 a = 0.43589
4H 3.215 a = 0.3081, c = 1.0061
6H 3.215 a = 0.3081, c = 1.5092
15R – a = 0.3073, c = 3.770
21R – a = 0.3073, c = 5.278

Fig. 3. Examples of the crystal structure of SiC polytypes: 3C, 4H, 6H and 15R [20].
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a ¼ 0:43577þ 1:3887� 10�6ðT � 273Þ
þ 7:8494� 10�10ðT � 273Þ2

� 2:4434� 10�13ðT � 273Þ3; ð7Þ

where the temperature, T, is in K. The standard
deviation for the above equation is ±2.6 ·
10�5 nm. The change in lattice parameter at ele-
vated temperatures consequently gives thermal
expansion. However, as discussed in the following
section, the very small change in lattice parameter
of SiC (�0.5% at 1273 K) yields a very low thermal
expansion coefficient.
2.5. Thermal properties

2.5.1. Heat content

It is well established that the specific heat of SiC
is higher than that of the other refractory carbides
and nitrides. The specific heat of SiC has been
reported over a wide temperature range [29–39]
and is summarized in Fig. 6. The specific heat of
SiC was generally measured by calorimetry. The
temperature-dependence of the specific heat can be
treated in two temperature regions: a rapid increase
at low temperatures (below 200 K) and a gradual
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increase at higher temperatures. Of particular
emphasis is that no systematic difference can be
distinguished between the structural types.

At temperatures below the Debye temperature,
hD, the specific heat, Cp, of the material can be
expressed using the electronic specific heat coeffi-
cient, c, and the Debye temperature

Cp ffi cT þ CT 3; ð8Þ

where

C ¼ 234N 0kb

h3
D

: ð9Þ

The constant C is determined by plotting Cp/T vs.
T2, where N0 is Avogadro’s number (= 6.02 · 1023)
and kb is Boltzmann’s constant (= 1.38 · 10�23

J/K). The Debye temperature of SiC is reported to
be in the range 860–1200 K [40–45]. In general,
the contribution from the electrical heat conduc-
tance is negligibly small since the covalent-bond
SiC is essentially an electrical insulator. This corre-
lation appears to be satisfactory in the temperature
range 0–200 K.

In contrast, the specific heat of SiC increases only
slowly with increasing temperature at elevated tem-
peratures. The specific heat, Cp (in J/kg K), over the
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temperature range 200–2400 K can be approxi-
mately expressed as

Cp ¼ 925:65þ 0:3772T � 7:9259� 10�5T 2

� 3:1946� 107

T 2
; ð10Þ

where the temperature, T, is in K. The uncertainties
in the recommended specific heat of SiC are ±7%
(200 6 T 6 1000 K) and ±4% (1000 6 T 6 2400 K).
The specific heat of SiC at room-temperature is
therefore taken as 671 ± 47 J/kg K.
2.5.2. Thermal conductivity

The thermal conductivity of the covalent car-
bides, K, can be determined by the thermal diffusiv-
ity, ad, the density, d, and the specific heat, Cp, using
the following expression

K ¼ adCpd: ð11Þ

The thermal diffusivity is experimentally measured
by several techniques. The thermal flash method is
currently the most prevalent technique for measur-
ing the thermal diffusivity. As discussed previously,
the specific heat of SiC can be expressed as a func-
tion of temperature. It may be reasonable to assume
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a constant density due to the very low thermal
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interest.

The thermal conductivity of SiC has been investi-
gated over the wide temperature range [29–34,37,
43,46–58]. Fig. 7 shows a temperature dependence
of the thermal conductivity of b-SiC over the tem-
perature range 0–1800 K. At temperatures below
200 K, the thermal conductivity of SiC rapidly
increases with increasing temperature due to the
large contribution from the specific heat. Beyond
the peak at �200 K, the thermal conductivity of
SiC significantly decreases with increasing tempera-
ture due primarily to the phonon–phonon scattering
(Umklapp scattering). However, the temperature
dependence of phonon scattering in the presence
of defects is not well understood and may be
significant.

The magnitude of thermal conductivity depends
on the grain size of SiC. Collins et al. [34] investi-
gated the thermal conductivity of CVD SiC with
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300 K, the thermal conductivity of SiC monotoni-
cally increases with increasing its grain size. There
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ary scattering and as temperature is increased
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phonon–phonon scattering dominates any scatter-
ing due to grain boundaries. Thus the difference in
grain size becomes less important, with increasing
temperature.

The thermal conductivity of SiC also depends
on the nature of grain boundaries. It is well known
that the impurities and/or micropores preferentially
reside at grain boundaries. The presence of these
defects at the grain boundaries as well as the grain
boundaries themselves, result in a considerable
reduction of thermal conductivity. In addition to
the effect of grain boundaries and grain boundary
defects on phonon scattering, the presence of
‘secondary phases’ at the grain boundaries for
non-stoichiometric materials will also reduce
thermal conductivity. For example, hot-pressed
SiC exhibits considerably lower thermal conductiv-
ity when compared to other SiC forms because the
thermal conductivity of this secondary phase,
which originates from the sintering additives, is
essentially lower than that of SiC. Moreover, Sigl
et al. [37] reported that the decreased thermal con-
ductivity for hot-pressed SiC is a function of the
content of secondary YAG phase. Similarly, the
thermal conductivity of sintered a-SiC with resid-
ual sintering additives becomes lower. For these
reasons only, thermal conductivity of CVD SiC,
or perhaps single crystal, should be considered to
accurately describe the thermal conductivity of a
TRISO SiC layer.

It is reasonable to assume that the single crystal
form of SiC, as compared to the other varietals,
exhibits the highest thermal conductivity. However,
high-purity and dense polycrystalline CVD SiC
(such as Rohm and Haas Co.) exhibits practically
the same conductivity as single crystal material, (in
the orientation of its crystal growth axis). It is worth
noting that the impurity content of the very high
thermal conductivity CVD SiC materials are negli-
gibly small (<5 ppm) and this material has near
theoretical density (�3.21 g/cm3). Furthermore, it
is noteworthy that the Rohm and Haas CVD SiC
has a relatively small grain size (�5 lm [32]) though
still has similar thermal conductivity to single crys-
tal even near room-temperature. It is noted that
there is a very wide range in thermal conductivity
even within CVD SiC grades. For example, the data
reported by Price [51] on a fluidized bed SiC mate-
rial (which should have been relatively pure) is
about a quarter of the Rohm–Haas thermal conduc-
tivity at room-temperature. However, it is recog-
nized that particular SiC material had many
micropores at grain boundaries and was also lower
in density.

The phonon thermal conductivity of the SiC is
theoretically expressed as a function of [A + BT]�1

with constants of A and B. The curve fitting to the
single-crystal SiC data above 300 K yields an
upper limit of the thermal conductivity of SiC, Kp

(in W/m K)

Kp ¼ ½�0:0003þ 1:05� 10�5T ��1
: ð12Þ

In parallel, a rigorous analysis using molecular
dynamics simulation to evaluate directly the heat
current correlation function has been developed
[52]. The calculated trend agrees very well with the
experimental results of the b-SiC single crystal at
elevated temperatures >400 K. At the low-tempera-
ture region (below 400 K), it is known that quantum
effects become dominant on the heat transport
behavior. Currently, no numerical model which
considers this issue has been developed.
2.5.3. Thermal expansion

The interatomic spacing between the atoms of
the SiC (as with other materials) is a function of
temperature. At 0 K, these atoms have their lowest
energy position, i.e., they are in the ground state.
The increased stored energy resulting from increas-
ing temperature causes the atoms to vibrate and
move further apart. In short, the mean interatomic
spacing increases, resulting in thermal expansion.
In strongly bonded solids such as the SiC, the ampli-
tude of the vibrations is small and the dimensional
changes remain small. The comparatively lower
thermal expansion coefficient of the carbides is
therefore obtained due to the strong covalent
bonding.

The coefficient of thermal expansion for b-SiC
has been reported over a wide temperature range
(Table 3) and is summarized in Fig. 8. A reference
temperature of 298 K was used. The thermal expan-
sivity of SiC has been measured by X-ray diffraction
[28,62], dilatometry [33,51] and interferometry [65]
techniques, or calculated from the induced residual
stress [66]. The interferometry technique was only
applied to measurement of the thermal expansivity
for small (�0.5 mm) hollow hemispherical TRISO
SiC shells, which were fabricated by the fluidized
bed method, over the temperature range 300–
800 K [65]. The data obtained by the interferometric
method are approximately in agreement with the
results determined by the conventional dilatometry



Table 3
Coefficients of thermal expansion of b-SiC

Authors Method DT (K) �a ð10�6 K�1Þ
Li and Bradt [28] X-ray RT-1273 4.45
Becker [59] X-ray RT-1473 6.2
Taylor and Jones [60] X-ray RT-1473 4.4
Clark and Knight [61] X-ray RT-1473 4.5
Suzuki et al. [62] X-ray RT-1173 4.3
Pickering et al. [33] Dilatometer RT-1373 4.4
Price [51] Dilatometer RT-1273 4.94
Popper and Mohyuddin [63] Dilatometer RT-1673 4.4
Kern et al. [64] Dilatometer RT-1273 4.8
Pojur et al. [65] Interferometer RT-780 4.38
Watkins and Green [66] Residual stress RT-1523 4.85
Shaffer [30] Unspecified RT-1523 4.78
Rohm and Haas Co. [32] Unspecified RT-1273 4.0
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Fig. 8. Thermal expansivity of SiC at elevated temperatures.
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at temperatures below 600 K, while the value at
elevated temperatures 600–800 K was slightly lower.
Some studies have claimed that the presence of
impurities such as free carbon or silicon could
reduce the thermal expansivity [4,67]. However, this
mechanism must be very minor for TRISO fuel
shells because the CVD SiC material currently in
production is intrinsically pure. Intergranular
micropores may have a minor effect on the thermal
expansion behavior but this effect has not been
specified.
The linear thermal expansion coefficient, a, is the-
oretically obtained by

a ¼ dðln aÞ
dT

; ð13Þ

where T and a are the temperature and lattice
parameter, respectively. Then, a very good approx-
imation is given by

a ¼ 1

a0

da
dT

; ð14Þ
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where a0 is a lattice parameter at the reference tem-
perature T0 (= 298 K). Substituting Eq. (7) into Eq.
(14), Li and Bradt [28] estimated the coefficient of
thermal expansion of 3C-SiC as

a ¼ 2:08þ 4:51� 10�3T � 1:68� 10�6T 2ð10�6=KÞ:
ð15Þ

Eq. (15) is in good agreement with the experimental
results over the temperature range 550–1273 K.
However, at temperatures below 550 K, the thermal
expansion coefficient of SiC is somewhat high. A
more reliable correlation of the thermal expansion
coefficient for 3C-SiC can be extracted from high-
purity and crystalline CVD SiC (Rohm and Haas
Co.) materials. Expressed as a third order polyno-
mial as

a ¼ �1:8276þ 0:0178T � 1:5544� 10�5T 2

þ 4:5246� 10�9T 3ð10�6=KÞ: ð16Þ

Eq. (16) is valid in the temperature range 125–
1273 K. In contrast, the coefficient of thermal
expansion at temperatures above 1273 K is assumed
as constant 5.0 · 10�6/K. The uncertainty of the
recommended thermal expansion coefficient of
3C-SiC is ±10% from 298 to 1273 K. The thermal
expansion coefficient of 3C-SiC increases continu-
ously from about 2.2 · 10�6/K at 298 K to
5.0 · 10�6/K at 1273 K, yielding an average value
of 4.4 · 10�6/K (298–1273 K). This is in good agree-
ment with much of the published data (Table 3).

The thermal expansivity of SiC is significantly
dependent on its crystal structure. The hexagonal
SiC crystal, for example, exhibits an anisotropic
behavior in thermal expansion between a- and c-
axes [26,27]. In a similar manner, the thermal expan-
sion coefficients for 4H-SiC [26] and 6H-SiC [27] can
be determined as a function of temperature.

2.6. Electrical properties

As compared to the transition metal carbides, the
covalent carbides are generally considered electrical
insulators since they have no metallic bonding and
their electrons are strongly bonded to the nucleus.
However, the covalent carbides show semicon-
ductor properties through conventional doping,
depending primarily on the concentration and type
of the doping element. For instance, aluminum
and nitrogen as doping elements give p- and n-type
semiconductor properties, respectively. CVD SiC is
known as a wide band-gap semiconductor with a
wide range of resistivity from 1 to 105 X cm,
depending primary on the level of doping impuri-
ties. Details on the semiconductor properties of
SiC are found elsewhere [68,69].
2.7. Mechanical properties

2.7.1. Elastic constants

2.7.1.1. Elastic modulus. Various test methods: sonic
resonance [2,32,42,57,70–82], tensile [83], flexural
[29,32,51,84–88], nano-indentation [4,89–93],
Vicker’s indentation [94], and ring compression
[7,85,95–97] techniques, have been applied to deter-
mine the elastic modulus of SiC.

Generally, a dense and high-purity SiC material,
e.g., CVD SiC, exhibits the highest elastic modulus,
however, the elastic modulus decreases with increas-
ing porosity [79] or impurity concentration [89]. In
contrast, neither grain size nor polytype was recog-
nized as having a significant effect on the elastic
modulus of SiC [79,98]. The effect of porosity on
elastic modulus of various types of SiC at room-
temperature is presented in Fig. 9. In the figure,
the results obtained by various indentation tech-
niques were excluded due to their inherently large
uncertainties. The elastic modulus, E, at room-tem-
perature can conventionally be expressed as an
exponential function of porosity, Vp

E ¼ E0 expð�CV pÞ; ð17Þ

where E0 is the elastic modulus of pore-free SiC and
C is a constant. Assuming E0 = 460 GPa for Rohm
and Haas CVD SiC, i.e., a polycrystalline, high-
purity, and very dense SiC material, (assumed to
be a pore-free SiC material), the constant C be-
comes 3.57. The uncertainty of the elastic modulus
of SiC is ±10% for Vp 6 1% and 15% for
Vp > 1%. No significant difference was obtained be-
tween the elastic moduli for alpha and beta poly-
crystalline SiC or among those of hot-pressed,
sintered, and CVD materials.

The elastic modulus of SiC at elevated tempera-
tures has been investigated by several authors
[2,29,32,42,57,70–74,84–87] (Fig. 10). Most of these
experiments were conducted in air, although many
authors do not specify. In contrast, a few experi-
ments were conducted in either vacuum or in an
argon gas flow. In air, SiC is easily oxidized at
elevated temperatures (depending on the oxygen
partial pressure), forming a thin SiO2 layer (see
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Fig. 9. The effect of porosity on elastic modulus of SiC.
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detail in Section 2.8). However the overall bulk
properties are essentially unchanged because the
SiO2 forms only a near the surface film.

Silicon carbide exhibits a slight decrease in elastic
modulus and increased internal friction at elevated
temperatures. This trend is identical for most SiC
polytypes with some exceptions [57,86]. In Fig. 10,
the elastic modulus of reaction-bonded SiC
(SCRB210, Coors Porcelain Co.) also decreases sig-
nificantly at elevated temperatures [57]. The most
likely mechanism is softening of residual silicon.
However, the other reaction-bonded materials
(Hexoloy KT, Carborundum Co. or NT-230, Nor-
ton Co.) did not show such a large reduction in
elastic modulus at elevated temperatures. This
implies that the distribution and fraction of residual
silicon may have a significant influence on the soft-
ening behavior. In contrast, a remarkable reduction
of the elastic modulus as a function of temperature
for the early generation fluidized bed CVD SiC
materials is believed to be due to grain boundary
relaxation [86]. Specifically, this degradation was
accelerated by increasing intergranular porosity.
Xu et al. [7] identified the micropores preferentially
formed on the grain boundaries for the similar SiC
material with fine (<1 lm) crystal grains.

The elastic modulus at elevated temperatures has
been empirically expressed by

E ¼ E0 � BT exp � T 0

T

� �
; ð18Þ

where B and T0 are constants characteristic of the
material in units of GPa/K and K, respectively.
An elastic modulus at 0 K is expressed as E0. Here
E0 is assumed to be identical to the room-tempera-
ture elastic modulus of 460 GPa. By fitting Eq.
(18), we finally obtained the constants: B =
0.04 GPa/K and T0 = 962 K. The characteristic
temperature, T0, is nearly identical to the Debye
temperature of SiC. This relationship is very similar
to that observed in several oxides [99]. The uncer-
tainties of the high-temperature elastic modulus
are ±2% (0 6 T 6 1000 K) and ±5% (1000 6 T 6

1800 K).
Elastic tensors of SiC are varied in the crystal

structure. Complete sets of elastic tensors of 3C-,
4H- and 6H-SiC single crystals are given in Table
4. The elastic tensors for 3C-SiC identified by
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L.L. Snead et al. / Journal of Nuclear Materials 371 (2007) 329–377 341
Tolpygo [100] are substantially different from rea-
sonable estimates by the recent updates of sonic res-
onance data. The elastic tensor data of C11 = 511,
C12 = 128 and C44 = 191 GPa are now recom-
mended.
2.7.1.2. Poisson’s ratio. The Poisson’s ratio of SiC is
reported over a wide material range depending on
the stoichiometry, crystallinity, impurity level, and
porosity. The Poisson’s ratio of CVD SiC with
Table 4
Elastic constants of 3C-, 4H- and 6H-SiC at room-temperature

3C [this
study]a

3C
[100]b

4H
[101]c

6H
[102]b

6H
[101]c

6H
[103]a

6H
[104]d

C11 511 352.3 507 464.5 501 502 479
C12 128 140.4 108 112 111 95 97.8
C13 – – – 55.3 52 – 55.3
C33 – – 547 521.4 553 565 521.4
C44 191 232.9 159 137 163 169 148.4
C66 – – – – – 203 190.6

*Units in GPa.
a Sonic resonance.
b Theoretical.
c Brillouin scattering.
d Calculated from 3C-SiC data [100].
excess residual silicon yields the lowest value
(�0.13) [76,88]. A relatively low Poisson’s ratio
(0.14–0.20) has been identified for many of sintered
forms of SiC [29,30,38,70,74–77,94,105–107] and
reaction-bonded SiC [56,105,108]. In contrast, the
highest value of 0.21 was typically obtained for pure
CVD SiC, which best represents the TRISO fuel
material [32].

The temperature dependence on the Poisson’s
ratio is at best very minor, although it may exist
[29,70]. The Poisson’s ratio of SiC is therefore
assumed to be a constant (�0.21) over the tempera-
ture range of interest for fuels modeling.
2.7.1.3. Shear modulus. The shear modulus of a-SiC
has been measured from room-temperature to
1773 K using the dynamic resonance method
[2,29,70]. The shear modulus at room-temperature
after correcting for porosity is �195 GPa. As with
the high-temperature dependence of elastic modu-
lus, the shear modulus of SiC decreases with
increasing temperature. In contrast, only one exper-
imental data-set is currently available for the more
TRISO fuel relevant b-SiC. Yavuz and Tressler
[88] reported the room-temperature shear modulus
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of 191 GPa for CVD SiC, which was determined by
the four-point bend technique. While it would be
desirable to improve the b-SiC data-set, there
currently appears no significant difference between
the a- and b-phases.

The shear modulus, G, can be alternately esti-
mated with the following formula for an isotropic
cubic crystal.

G ¼ E
2ð1þ mÞ : ð19Þ

Assuming an elastic modulus, E, of 460 ± 46 GPa
and a Poisson’s ratio, m, of 0.21, a room-tempera-
ture shear modulus of 191 ± 19 GPa is calculated.

The temperature dependence of shear modulus
for SiC can be systematically obtained by applying
Eq. (18) into Eq. (19).
2.7.2. Hardness

It is well known that SiC is among the covalent
materials which possess the highest hardness. How-
ever, hardness is a complex property which involves
both elastic and plastic deformation, crack initia-
tion and propagation, and the development of new
surfaces. Generally, hardness is dependent on the
fabrication process, composition, and the presence
of impurities. Moreover, it can be defined in terms
of bonding energy, covalence level, atomic spacing,
and by the parameters of fracture and deformation.

The hardness of SiC was investigated by Vicker’s
[29,32,71,72,76,78,80,82,84,91,94,106,109–113],
Knoop [32,75,76,81] and nano-indentation tech-
niques, [90–93] and summarized in Table 5. There
appears to be no significant difference between
Vicker’s and Knoop hardness, while nano-hardness
Table 5
Vickers, Knoop and nano-indentation hardness of SiC at room-temper

Material Sintering additives Vickers hardness
(GPa)

Sintered a-SiCa B, C 24.9–26.7
Hot-pressed a-SiCb Al2O3, WC, Co 19.3
Hot isostatic pressed

a-SiC
AlN 25.0–27.3

CVD b-SiCc – 20.7–24.5
Sintered b-SiC B, C 21.1–23.9
Hot-pressed b-SiC Al 26.7–29.7
Hot-pressed b-SiC Al2O3, RE2O3

(RE = La, Nd, Y, Yb)
3.4–21.2

a Carborundum Co., Hexoloy-SA.
b Norton Co., NC-203.
c Morton Advanced Materials (presently Rohm and Haas Advanced
gives slightly higher values. The nano-hardness is
much more subject to the change in surface condi-
tions because of the very small near-surface area
of the material probed.

It is well known that the hexagonal a-SiC single
crystal shows anisotropy in its hardness due to the
presence of its preferred slip system which is depen-
dent on temperature [114,115]. This indicates that
the hardness of SiC is essentially different for each
polytype. However, any such difference should be
minor for polycrystalline material such as CVD SiC.

Ryshkevitch [116] discussed the effect of porosity
on the hardness of several oxide materials and
found that Eq. (17) for elastic modulus can be satis-
factory extended to the hardness evaluation. Fig. 11
shows the hardness of various SiC forms with varied
porosity. By applying the equation, the following
relationship is obtained

H V ¼ 27:7 expð�5:4V pÞ; ð20Þ

where HV is the Vicker’s hardness of SiC in GPa.
The uncertainty of the room-temperature hardness
of SiC as a function of porosity is ±7%.

Fig. 12 exhibits the Vicker’s hardness of SiC at
elevated temperatures for various SiC materials.
The general trends of hardness at elevated tempera-
tures can be distinguished into two temperature
regions: athermal temperature independent region
and temperature dependent region. The hardness
of SiC is nearly constant at lower temperatures,
while it tends to rapidly decrease with increasing
temperatures. The transition temperature has been
defined as a ductile-to-brittle temperature [94]. It
is interesting to note that the ductile-to-brittle
transition temperature increases with increasing
ature

Knoop hardness
(GPa)

Nano hardness
(GPa)

References

22.4–27.4 n/a [71,72,75,78,82,84,112]
22.3 n/a [75,106]
n/a n/a [109]

24.5 32.5–40.6 [32,110,90–93]
20.9 n/a [76,106]
n/a n/a [109]
n/a n/a [80]

Materials).
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porosity. However, of particular importance is that
these SiC materials are fundamentally porous, con-
taining sintering aids as residual impurities. The
significant decrease of the hardness at high-temper-
atures is attributed primarily to the segregation at
the grain boundaries due to the presence of impuri-
ties. Therefore, Fig. 12 should be used with care,
although the general trend may be consistent with
high-purity and dense forms of b-SiC. Currently
there is no high-temperature data reported for
high-purity CVD-SiC.

2.7.3. Fracture toughness

The fracture toughness of SiC has been widely
investigated by various test techniques: micro- and
nano-indentation [32,71,76,78,87,90–92,94,110,112,
113,117,118], surface crack in flexure (SCF)
[29,71,72,77,82,105,109,112,119–123], double canti-
lever beam (DCB) [117], double torsion (DT)
[75,106,117,124], single edge notched beam (SENB)
[54,58,88,117,120,121,125–132], Chevron notched
Table 6
Fracture toughness data of SiC at room-temperature

Material Sintering Additives Fracture Toug

Sintered a-SiCa B, C 2.6–3.4
2.0–3.4
3.01
3.9–5.4
2.91
4.7

Hot-pressed a-SiCb Al2O3, WC, Co 3.8–4.7
3.9–4.4
3.8–5.2

Hot isostatic pressed a-SiC AlN 4.5–5.1
CVD b-SiC – 2.4–5.1

2.7
3.8–4.1
3.7
3.4–4.4
3.46(0.16)c

3.20(0.12)c

Sintered b-SiC B, C 2.6–3.0
3.1
2.3

Hot-pressed b-SiC Al 2.5–4.5
Hot isostatic pressed b-SiC AlN 3.5
Reaction-bonded b-SiC Al 3.7

a Carborundum Co., Hexoloy-SA.
b Norton Co., NC-203.
c Numbers in parenthesis are one standard deviation.
d SCF: Surface crack in flexure.
e DT: Double torsion.
f SENB: Single-edge notched beam flexure.
g CNB: Chevron notched beam.
h DCB: Double cantilever beam.
beam (CNB) [121], and fractography [120]. The
representative values determined by each test are
summarized in Table 6. The Vicker’s and SCF
methods result in slightly lower fracture toughness,
as compared to the fractography method. The large
scatter of the fracture toughness data (e.g., Vicker’s
indentation data) is due primary to the effect of
grain size as discussed later. However, when the
scattering is taken into account the mean fracture
toughness is similar.

The effect of grain size on the fracture toughness
of SiC is shown in Fig. 13. The fracture toughness is
peaked for a grain size of approximately 1–5 lm.
The same is true of the fracture energy, as deter-
mined by the SENB [133,134], DCB [134–136] and
work-of-fracture (WOF) [136] methods, for sintered
SiC with non-cubic structure (plotted together in
Figs. 2 and 13). Rice et al. [137] demonstrated the
grain-size dependence of fracture energy for non-
cubic ceramics using an analytical model. They con-
cluded that the likely mechanism is microcrack
hness (MPa m0.5) Method References

Vickers [71,78,112]
SCFd [71,72,77,82,112,120,121]
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formation due to the combined effects of the applied
stress and the local micro-stresses induced by ther-
mal expansion anisotropy, although the thermal
expansion anisotropy is potentially small for isotro-
pic 3C-SiC. However, it is known that a high
internal residual stress can be induced during
CVD processing [138]. Niihara [117] speculated that
the grain size dependence of fracture toughness for
small grain CVD SiC is due primarily to microcrack
formation by the residual internal stress accumu-
lated due to the CVD processing. Another possible
explanation for such a decrease is the presence of
micropores on grain boundaries. Such a degrada-
tion mechanism is similar to the decreases observed
in thermal conductivity and Young’s modulus. In
contrast, the decrease of fracture energy for large
grain SiC is attributed to the decreasing applied
strain energy required to form each microcrack.
Further investigation may be necessary to validate
these mechanisms.

Fig. 14 shows the fracture toughness of b-SiC at
elevated temperatures. The fracture toughness of
SiC remains nearly constant with temperature for
sintered and reaction-bonded SiC materials, while
it increases at elevated temperatures for CVD SiC.
Henshall et al. [140] also reported fracture tough-
ness increasing with temperature for single crystal
a-SiC near 1073 K and suggested the responsible
mechanism was small plastic deformation at the
crack tip. This mechanism may be satisfactorily
extended to CVD SiC, as a substantial increase in
plasticity has been confirmed at elevated tempera-
tures [115]. In addition, the effect of stress relaxation
at high temperatures may be responsible for the
increase in fracture toughness. However, this effect
seems minor as an annealing experiment (10 h at
1773 K) indicated no clear effect [115].

The only result on high-temperature fracture
energy of reaction-bonded SiC was provided by Ste-
vens [139]. Fracture energy increased with increas-
ing temperature approaching a constant (Fig. 14).
This increase may be attributed to short-term crack
healing by softened excess silicon rather than the
plastic deformation induced at crack tips.

2.7.4. Fracture strength

The two-parameter Weibull statistical treatment
is often used to evaluate statistical strength of brittle
materials. Two key parameters: the Weibull modu-
lus, m, and the Weibull characteristic strength, r0,
have been determined for b-SiC by various test tech-
niques (Table 7). It is noted that the extremely high
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characteristic strength obtained by O-ring compres-
sion or hemispherical bend tests is likely due to
inadequate analytical procedures and/or extremely
tiny fracture volume, as pointed out by Hong
et al. [148]. It is recommended that the circumferen-
tial tensile strength of spherical coatings is best
determined using test methods such as internal pres-
surization which applies uniform loading over the
entire sample surface.
2.7.4.1. Weibull modulus. The Weibull modulus of
SiC at room-temperature spans an unfortunately
large range, from 2 to 12, depending not only on
the material but the condition of the SiC material,
the test method, and the population of samples
used. A possible explanation for the lowest value
obtained (by Yavuz and Tressler [88]) is the residual
stresses induced during the CVD processing. Also
possible is that large amounts of unreacted silicon
were present in their samples, which primarily segre-
gates along grain boundaries and may also induce
internal stresses.

Comparatively larger Weibull modulus values
(m = 7–11) are often measured by flexural and
tensile tests, while the lower values (m = 3–9) are
typically obtained using the ring compression test.
Cockeram [85] has assumed that the flaw distribu-
tions are quite different between a flexural bar and
a small tubular (ring) specimen. The lower m value
obtained by the ring compression test was therefore
considered primarily a consequence of the altered
flaw distributions. Additionally, irregularity of ring
specimens [96] and surface roughness [141] signifi-
cantly impacts failure probability. Recently, Byun
et al. [141] measured the Weibull modulus for the
prototypical size TRISO SiC particles by both the
diametral loading and the internal pressurization
techniques, generating the most applicable data
for the TRISO SiC layer. In summary, the Weibull
modulus for the TRISO SiC particle is in the range
of 4–6.

The Weibull modulus of SiC at elevated temper-
ature is given in Refs. [72,85,125,126]. However, no
systematic temperature-dependence has yet been
determined. Therefore, a constant Weibull modulus
is assumed over the wide temperature range of
interest.
2.7.4.2. Weibull characteristic strength. The room-
temperature failure strength of b-SiC has been



Table 7
Weibull modulus and Weibull characteristic strength of b-SiC

Material Weibull modulus Characteristic strength (MPa) Test method References

CVD SiC (Bulk) 11 424 4pt bend [32]
9.9 365 4pt bend [93]
8 – 4pt bend [72]
1.9–4.5d 205–493d 4pt bend [88,126]
7.6–13.8 212–501 4pt bend [85]
6.7 421(69)f 4pt bend This work
6.7–7.3 478–532 O-ring compression [85]

CVD SiC (Small tube)a 4.9 405 Diametral compression This work, [141]
5.0–9.7 312–448 Internal pressurization This work, [141]

CVD SiC (Particle)b 4.1–6.6 659–1412 O-ring compression [7]
3.0–5.6 1490–1730 O-ring compression [96]
4.8–9.4 1050–1890 O-ring compression [95]
4.0–9.0 980–2200 C-ring compression [95]
3–8 620–720 Hemisphere bend [142]
6.6–8.4 1870–3170 Hemisphere bend [143]
5.4 – Unspecified [144]
5.8–7.5 356–427 Diametral compression This work, [141]
4.3–6.2 222–321 Internal pressurization This work, [141]

Sintered SiCc 11.0 362 4pt bend [76]
12.0 505 Tensile [125]

Hot isostatic pressed SiC 6.6 556 4pt bend [145]
Reaction bonded SiC 12.0e 230e 4pt bend [147]

a A SiC layer was formed over the graphite rod then the graphite core was burned off before testing.
b An inner carbon layer was burned off before testing.
c Sintering additives: B, C.
d Free silicon: 1.7 � 6.3%.
e Free silicon: 13%.
f A number in parenthesis is one standard deviation.
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reported to vary from 200 to over 3100 MPa. The
failure strength of SiC particles is typically much
larger than that of the SiC bulk form. Such a large
variation is due primarily to the specimen size effect
related to the Weibull nature of failure.

It is well known that the strength at the inner
weakest flaw determines the overall strength of these
brittle materials. The flaw population and distribu-
tion are strictly dependent on volume as expressed
by the Weibull distribution function. Byun et al.
[146] investigated the size effect on tensile hoop
strength for tubular alumina specimens using the
internal pressurization and diametrical loading test
techniques. A major conclusion in his work is that
the failure strength of the tubular brittle specimens
can be determined by the effective surface area,
while the volume criterion was a major conclusion
of the CEGA report [1] for SiC materials. The fact
that the fracture often initiated at the small flaws
near the specimen surface [76] would support this
result. These surface flaws have been directly associ-
ated with surface roughness. Evans et al. [142] eval-
uated the effect of the surface roughness on flexural
strength of hemispherical particles. Superior failure
strength was achieved by reducing surface rough-
ness by controlling the conditions of deposition of
the coating. This work further supports the argu-
ment that effective surface area is primary in the
failure of coatings.

Assuming an identical surface flaw distribution,
the Weibull statistical theory suggests that the
strength of the small ring specimen would become
much higher than that of a flexural bar. Indeed, a
one-order of magnitude higher Weibull characteris-
tic strength has been obtained by ring compression
testing [85]. However, the actual failure behavior
would be much more complicated because the flaw
distribution is substantially more complex than a
single flaw. Byun et al. [141] measured statistical
strength of a prototypical TRISO SiC particle fabri-
cated in a fluidized bed being used for TRISO fuel
fabrication. The specimen size effect was considered
using a finite element model leading to an estimate
of the strength of the SiC coating. A Weibull
characteristic strength of 220–320 MPa was
recommended.
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It is apparent that no significant degradation of
strength for CVD SiC occurs up to a temperature
of 1773 K, in fact an increase above 1373 K is
apparent (Fig. 15) [86,117]. This increase would be
closely linked to the brittle-to-ductile transition in
fracture toughness. In contrast, the short-term
improvement of the failure statistics at intermediate
temperatures for reaction bonded SiC is thought to
be due to flaw healing and partial relief of residual
stress (due to oxidation and increased ductility of
the residual silicon phase at high temperatures).
However, the presence of impurities would eventu-
ally cause severe deterioration at much higher tem-
peratures because of reduced susceptibility of load
at the grain boundaries. Hot-pressed SiC also
degraded its strength at elevated temperatures due
to the presence of excess oxide phase. In any event,
the effects observed in these non-CVD materials
should not be considered for TRISO coatings.
Reaction-bonded
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2.7.5. Thermal creep

2.7.5.1. General overview. Primary and steady-state
creep deformations have been reported in the litera-
ture for CVD SiC (high-purity and polycrystalline
b-SiC) [149,150]. Steady-state creep rates for
stoichiometric polycrystalline materials have been
measured only above �1673 K, because they are
typically too small to be measured by ordinary
experimental techniques below �1673 K, where pri-
mary creep dominates total creep deformation
[150,151]. Steady-state creep in SiC is highly depen-
dent on crystallographic orientation as found from
both experimental observations and proposed phys-
ical mechanisms [150]. Therefore, the operating
temperature for steady-state creep depends very
strongly on crystallographic characteristics of the
material and the loading direction relative to crys-
tallographic orientations. Moreover, the primary
creep deformation behavior also depends strongly
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on quality of the materials [152], often concealing
the contribution from the steady-state creep in stress
relaxation-type experiments [153].

There have been a large number of research
reports published regarding creep behavior of mate-
rials often termed ‘SiC’ such as reaction-bonded,
hot-pressed, and liquid phase-sintered SiC-based
materials. Since, in most cases, the creep deforma-
tion of these materials are governed by the grain
boundary-related deformation accommodated by
the secondary phases or diffusion associated with
sintering additives, creep data for those impure
SiC materials must be differentiated from those for
high-purity TRISO-relevant SiC materials. A review
of creep behaviors of stoichiometric CVD SiC has
been provided by Davis and Carter [154]. Addition-
ally, the creep data compilation for SiC-based
ceramics of various grades by Wang [155] may be
useful.

2.7.5.2. Primary creep. Primary creep of CVD SiC
occurs immediately upon loading and tends to satu-
rate with time. The strain by primary creep in CVD
SiC widely varies depending on quality of materials,
as the proposed responsible mechanisms are related
with stress-induced evolution of residual micro-
structural defects of various kinds, limited basal slip
under polycrystalline constraints, and grain rear-
rangement. The primary creep strain generally
obeys the following relationship [152]

ec ¼ Apðr=GÞnðt=sÞp; ð21Þ

where Ap, p, and s are creep parameters, and t is
time elapsed. Analyzing the result published by
Carter et al., one obtains the creep parameters
n = 1.63, Ap = 29, p = 0.081, and s = 0.0095 s for
the temperature of 1923 K. It is shown that, in severe
loading condition, primary creep strain in CVD SiC
can reach as high as �1% at 1923 K. Note that these
parameters are for the loading orientation of 45�
from the CVD growth axis, the direction in which
the most prominent creep strain is anticipated.

Primary creep behavior has also been studied for
commercial and developmental CVD SiC fibers
under a tensile loading [151]. The fiber materials
were Textron SCS-6, SCS-9, and a developmental
2-mil fibers, made up of one to several CVD SiC
layers deposited onto a carbon core. Morscher
et al. [154] reported that (i) primary creep strain
was proportional to stress (n = 1), (ii) a time expo-
nent, p, nearly independent of stress and tempera-
ture which fell into a range of 0.2–0.4, and (iii)
where Ap was strongly dependent on deposition
quality of the material and the temperature. They
determined the activation energy for the responsible
mechanism to be 290–740 kJ/mol based on the tem-
perature dependent normalized creep strain data,
and also pointed out that the substantial, material
dependent compositional deviation from stoichiom-
etry had caused the large variation in activation
energy. The activation energy data may be useful
to estimate an extrapolated range of primary creep
strain at different temperatures from Eq. (21).
2.7.5.3. Steady-state creep. The only data on steady-
state creep deformation rates for CVD SiC known
to the authors have been reported by Gulden and
Driscoll [149], and Carter et al. [150].

The data by Gulden and Driscoll exhibited creep
rates proportional to the applied flexural stress in a
temperature range of 1655–1743 K, with an activa-
tion energy of 640 ± 88 kJ/mol, implying grain
boundary diffusion of carbon atoms to be the
controlling mechanism [156]. Although details of
the material used by Gulden and Driscoll are not
known, it is very likely that the suspected non-stoi-
chiometry in their material had governed the creep,
as the measured creep rates are by more than an
order of magnitude greater than those determined
by Carter et al.

Carter et al. tested CVD SiC (with �500 ppm
metallic impurity and no detectable N, Al, B) in a
uni-axial compressive configuration at 1573–
2023 K in a stress range of 69–220 MPa in argon.
They observed no measurable steady-state creep
up to 2023 K with the stress axis parallel to the
deposition direction, which was confirmed to be
the preferred h111i orientation. With the stress axis
45� inclined from the deposition direction, they were
able to measure the steady-state creep rates at 1673–
1923 K and 110–220 MPa, and the data is replotted
in Fig. 16. Fitting a general power-law creep
equation,

_ec ¼ Asðr=GÞn expð�Q=kbT Þ ð22Þ

to the experimental data, steady-state creep param-
eters were determined as As = 2.0 · 103, n = 2.3,
and Q = 174 kJ/mol. In Eq. (22), As is a constant,
r is applied stress, G is shear modulus, n is stress
exponent, Q is activation energy for the rate-deter-
mining physical process, kb is Boltzmann constant,
and T is absolute temperature. Carter et al. have
attributed the creep deformation below 1923 K to
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dislocation glide, whereas that at 1923 K was provi-
sionally attributed to climb-controlled glide.

The creep parameters above imply that the steady-
state creep rates of �10�10 s�1 and �10�9 s�1 are
expected at 1473 K and 1673 K, respectively, at a
stress of 200 MPa. However, it should be noted that
the experiment by Carter et al. was conducted in a
condition that allows the highest steady-state creep
rates for CVD SiC in terms of crystallographic orien-
tation and therefore can be regarded as the greatest
creep case. Indeed they did not detect steady-state
creep even at 2023 K when loaded along the deposi-
tion direction. Moreover, Ohji and Yamauchi [157]
also reported the lack of steady-state creep under
tensile loading of 200 MPa at 1673 K over the period
of >104 h for SiC sintered with B and C, a material
that is anticipated to exhibit inferior creep perfor-
mance to high-purity CVD SiC.

A very significant crystallographic orientation
effect on creep rate has also been reported by Cor-
wan [158] for the 6H-SiC single crystal. He observed
steady-state creep rates exceeding 10�7 s�1 at tem-
peratures as low as 1073 K at a compressive stress
of 200 MPa when loaded at 45� from [0001],
whereas a similar creep rate was achieved at
2123 K when loaded along [0001]. Since the
(000 1) basal plane in 6H structure corresponds to
the (111) in 3C, a similar crystallographic orienta-
tion effect could be expected for the 3C-SiC single
crystal.

2.8. Chemical properties

Silicon carbide is a non-oxide compound and the
oxidation at high-temperatures therefore becomes a
critical issue. Many studies on the oxidation behav-
ior of SiC have been conducted [159–174] (see also
Refs. [175,176] for recent reviews of the oxidation
of SiC). The oxidation of SiC is generally divided
into two regions: passive and active oxidations, with
a broad transition band.

At high oxygen partial pressures and high tem-
peratures, SiC reacts with oxygen to form a SiO2

surface scale, accompanied with significant mass
gain (passive oxidation).

SiCþ 3

2
O2 ! SiO2 þ CO ð23Þ

The structure of the resultant SiO2 scale is amor-
phous at the temperatures below 1673 K. In con-
trast, the crystallization rate from amorphous SiO2

to cristobalite has a maximum value around
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1950 K, and the cristobalite is therefore more stable
at higher temperatures. The Pilling–Bedworth ratio,
which is defined as the ratio of the volume of the
resultant oxide to the consumed substrate volume,
i.e., the volume ratio between the SiO2 scale and
the SiC substrate, is �1 (forming a good bond at
the interface with a very small strain gap). In con-
trast, the diffusion rate of oxygen in the SiO2 scale
is very low compared with other oxides. The SiO2

scale therefore effectively acts as a protective layer
to prevent further oxidation.

The oxidation kinetics of SiC is dependent on
many factors: atmosphere, temperature, oxygen
partial pressure, microstructure, etc. The oxidation
mechanism in a dry atmosphere can be classified
into linear-parabolic or parabolic behavior below
the melting point of cristobalite (Tm = 2001 K)
[164]. Luthra [167] suggested that the passive oxida-
tion of SiC is a mixed control mechanism, influ-
enced both by an interface reaction and diffusion.
However, the primary rate-controlling process for
passive oxidation is still considered to be diffusion
of oxygen through the growing oxide scale. Oxygen
can diffuse through SiO2 via two mechanisms: (1)
interstitial (nominally molecular) oxygen diffusion
through the free volume of the silicate structure
and (2) network oxygen ion diffusion through the
SiO4 tetrahedral network [170,171]. A recent study
[163] identified that the high-temperature transition
from interstitial-dominant (<1673 K) to network-
dominant (>1673 K) oxygen transport is only
observed for amorphous SiO2 scales, while the cris-
tobalite scale did not show such a transition. This
fact can explain a comparatively lower oxidation
rate obtained below 1673 K. It was also identified
that there is no significant difference between the
rates of molecular oxygen diffusion in cristobalite
and in amorphous SiO2, although the possible
mechanism is believed to be the change of the diffu-
sion rate of oxygen in the SiO2 scale due to the crys-
tallization from amorphous SiO2 to b-cristobalite
[159,166].

The oxidation process is accelerated by the pres-
ence of impurities and residual sintering additives
which affect the microstructure of the protective
SiO2 scale [177]. In contrast, significant differences
have been observed in the interaction of oxygen
with different polytypes and different surface orien-
tations of single crystal SiC [165,169]. The oxidation
kinetics also depends on the type and size of the SiC
form, e.g., sintered body or powder. The SiC pow-
der can be oxidized in air at 973 K [174]. Moreover,
the formation of SiO2 bubbles at extremely high
temperatures can be closely related to the oxidation
mechanism of SiC [164,172]. The transition from
passive oxidation to bubble formation depends on
the oxygen partial pressure and test temperature.
The linear and parabolic oxidation rates were accel-
erated by the bubble formation. Water vapor can
further accelerate the oxidation of SiC [162,173]
extending the linear kinetic region and increasing
the parabolic rate constant.

At low oxygen partial pressures and very high
temperatures, SiC readily decomposes to SiO and
CO gases without forming a protective SiO2 scale
(active oxidation).

SiC + O2! SiO + CO ð24Þ

According to Schneider et al. [161], there is a wide
gap in oxygen pressure required for the active-to-
passive oxidation transition. The active-to-passive
oxidation transition is closely dependent on the
impurity content in the SiC form. For instance,
the partial oxygen pressure required to initiate the
active oxidation of a sintered SiC, which possesses
slight residual sintering aids as impurities, is �104

times higher than that of pure CVD SiC [160].
The active oxidation rates increases with increasing
oxygen partial pressure [164,168].

Some basic oxides, e.g., PbO and Na2O, can dis-
solve the protective SiO2 scale to form silicates [178].
Silicon carbide is also corrosive in Na2SO4 [179,180]
and a mixture of Na2CO3 and KNO3. Moreover,
SiC reacts readily with chlorine and sulfur above
1173 and 1273 K, respectively [181]. In contrast,
SiC is chemically inert to HCl, H2SO4, HF, NaOH,
and a mixture of HF and HNO3, even if the oxidiz-
ing acids are heated [181].

3. Effects of irradiation on SiC

3.1. Irradiation-induced microstructure and swelling

The neutron-induced swelling of SiC has been
well studied for low and intermediate temperatures
(�293–1273 K). Originally this material was investi-
gated in support of nuclear fuel coating [4,182–189]
and more recently for various nuclear applications
such as structural SiC composites [47,62,190–201].
Before proceeding, it is important to distinguish
neutron-induced effects in high purity materials,
such as single crystal and most forms of chemically
vapor deposited (CVD) SiC, with those of lower
purity forms such as hot pressed, sintered, liquid
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phase converted, or polymer-derived SiC. It is well
understood that the presence of significant impurity
levels in these materials leads to unstable behavior
under neutron irradiation [192,195,202,203], as
compared to stoichiometric materials, which exhibit
remarkable radiation tolerance. This discussion and
data for this section refers only to stoichiometric,
near-theoretical density SiC, unless otherwise
specified.

The irradiation-induced microstructural evolu-
tion of CVD SiC is roughly understood and has
been reviewed recently by Katoh et al. [204] (the
recent update of the microstructural evolution
map is shown in Fig. 17). However, the contribution
of the defects themselves to the swelling in SiC is less
understood. Below several hundred Kelvin the
observable microstructure of neutron irradiated
SiC is described as containing ‘black spots’ which
are most likely tiny clusters of self-interstitial atoms
in various indeterminate configurations. For irradi-
ation temperatures less than about 423 K, accumu-
lation of strain due to the irradiation-produced
defects can exceed a critical level above which the
crystal becomes amorphous. This has been shown
for both self-ion irradiation and under fast neutron
irradiation [206–208]. As shown by Katoh et al.
[206], the swelling at 323 K under self-ion irradia-
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tion increases logarithmically with dose until amor-
phization occurs. The swelling of neutron- and ion-
amorphized SiC has been reported to be 10.8% for
343 K irradiation [208]. However, there is evidence
that the density of amorphous SiC will depend on
the conditions of irradiation (dose, temperature,
etc.) [209].

For temperatures above the critical amorphiza-
tion temperature (423 K) the swelling increases
logarithmically with dose until it approaches satura-
tion, with a steady decrease in the saturation swell-
ing level with increasing irradiation temperature.
The dose exponents of swelling during the logarith-
mical period are in many cases close to 2/3, as pre-
dicted by a kinetic model assuming planar geometry
for interstitial clusters [210,211]. This temperature
regime is generally referred to as the point-defect
swelling regime and can be roughly set between
423 and 1273 K. As an example of how these ‘black
spot’ defects mature in the point-defect swelling
regime, Fig. 18 shows neutron irradiated micro-
structures at 573 and 1073 K for doses consistent
with a saturation in density. While these microstruc-
tural features are generically classified as ‘black
spots’, those defects formed at 1073 K are clearly
coarser as compared to those formed under 573 K
irradiation.
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Fig. 18. Saturated microstructure for CVD Neutron Irradiated at 573 and 1073 K.
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The approach to saturation swelling is shown for
HFIR neutron irradiated Rohm and Haas CVD SiC
in Fig. 19. In this figure the swelling is depicted
in both logarithmic (Fig. 19(a)) and linear
(Fig. 19(b)) plots. In addition to the approach to
saturation, this figure highlights two other charac-
teristics of neutron-induced swelling of SiC. First,
the swelling of SiC is highly temperature dependent.
For the data given in Fig. 19, the 1 dpa and satura-
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tion values of swelling at 473 K are approximately
five times that for 1073 K irradiation. This reduced
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months in a fission power core) the swelling in the
point-defect recombination range has found its
saturation value.

At higher temperatures such as 1173–1673 K
[184,197,205], Frank faulted loops of interstitial
type become the dominant defects observed by
transmission electron microscopy. It has also been
reported that Frank faulted loops appear for lower
temperature neutron irradiation at extremely high
doses [212]. Under silicon ion irradiation at
1673 K, the development of Frank loops into dislo-
cation networks through unfaulting reactions at
high doses is reported [205]. The volume associated
with dislocation loops in irradiated SiC has been
estimated to be on the order of 0.1% [213,214]. At
temperatures where vacancies are sufficiently
mobile, vacancy clusters can be formed. Three-
dimensional cavities (or voids) are the only vacancy
clusters known to commonly develop in irradiated
SiC. The lowest temperature at which void forma-
tion was previously reported under neutron irradia-
tion is 1523 K [215]. Senor reported the lack of void
production after neutron irradiation to 0.9 dpa at
1373 K, though voids were observed after subse-
quent annealing at 1773 K for 1 h [197]. Under
silicon ion irradiation, voids start to form at
1273 K at very low density and become major
Fig. 20. Evolution of voids in high te
contributors to swelling at irradiation conditions
of 1673 K at >10 dpa [213]. Positron annihilation
and electron paramagnetic resonance studies have
shown that the silicon vacancy in cubic SiC becomes
mobile at 1073–1173 K [216,217]. Therefore, it
would not be surprising for void swelling to take
place at as low as �1273 K at high doses, particu-
larly for low damage rate irradiations.

As previously mentioned, data on swelling of SiC
in the high-temperature ‘void swelling’ regime has
been somewhat limited. However, recent work has
been carried out in the �1173–1773 K range for
Rohm and Haas CVD SiC irradiated in HFIR. Of
particular significance to that experiment is the con-
fidence in irradiation temperature owing to the
melt-wire passive thermometry [218]. Recent TEM
imaging by Kondo [218] clearly shows the evolution
of complex defects. As example, Fig. 20 indicates
sparse void formation on stacking faults for mate-
rial irradiated at 1403 K. Significant growth of voids
commences at 1723 K. The well faceted voids
appeared to be tetrahedrally bounded by {111}
planes, which likely provides the lowest surface
energy in cubic SiC. In many cases, voids appeared
to be aligned on stacking faults at all temperatures.
However, intragranular voids unattached to stack-
ing faults were also commonly observed at
mperature irradiated CVD SiC.
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1723 K. The evolution of dislocation microstruc-
tures at 1403–1723 K is shown in Fig. 21. In this
temperature range, dislocation loops are identified
to be of Frank faulted loops of interstitial type.
Evolution of the dislocation loops into dislocation
networks was confirmed for irradiation at 1723 K.

Fig. 22 plots both historical data and published
and unpublished data from a recent high-tempera-
ture irradiation study [218]. This plot is limited to
literature data on high-purity CVD SiC. A diver-
gence from point-defect ‘saturated’ swelling to
non-saturated swelling is observed in the 1073–
1473 K range, though additional data in this
temperature range as a function of fluence would
be required to precisely define such behavior. Above
1273 K, there exists a clear non-saturated swelling
behavior for CVD SiC. The three divergent curves
drawn in Fig. 22 represent data taken at nominally
�1.75, 5.0, and 8.5 · 1025 n/m2 (E > 0.1 MeV)
(assumed 1.75, 5.0, and 8.5 dpa). In the 1373–
1473 K temperature range, volumetric swelling is
apparently at a minimum though increases from
�0.2% to �0.4% to �0.7% for �1.75, 5.0, and
8.5 dpa. Clearly the swelling in this temperature
range has not saturated by 10 dpa. This finding is
somewhat surprising given the apparent mobility
of the silicon vacancy above 1273 K found experi-
Fig. 21. Evolution in dislocation networks fo
mentally in cubic SiC (the CVD SiC of this study
is highly faulted FCC) [216,217]. Above this mini-
mum in swelling the data indicates a continual
swelling increase to the highest irradiation tempera-
ture of �1773–1873 K. At �1773 K measured swell-
ing was �0.4, 1.0, and 2.0% for �1.75, 5.0, and
8.5 dpa. It was also noted in the study by Snead
et al. [219] that for �1773 K surface reaction
between SiC and the graphite holder had taken
place. Though, a loss of silicon from the surface
cannot be ruled out.

Fig. 22 includes historical data for swelling above
1273 K [182–184,197,208,215,220]. Specifically,
Senor et al. [197] reports swelling for the same type
of CVD SiC irradiated in this study, also irradiated
in a water moderated fission reactor (the ATR). His
maximum dose, irradiation temperature and
swelling data were �1 dpa, �1373 ± 30 K, and
0.36 ± 0.02%. The irradiation temperature quoted
in Senor’s work was a best estimate though the
author also provides an absolute bound for his
experiment of 1073–1473 K. The maximum swelling
in the Senor work (0.36 ± 0.02% at �1 dpa) is some-
what higher than the �0.25% swelling at 2 dpa,
�1373 K of the trend data in Fig. 22. This is seen
from the rightmost figure of Fig. 22. Also seen in
the figure is the high temperature swelling of Price
r high temperature irradiated CVD SiC.
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[183,184,215]. The Price data, which are in the dose
range of about 4–8 dpa, are in fair agreement with
the measured swelling of the Snead data of
Fig. 22. The highest swelling material (�1523 K,
�6 and 10 dpa) shows the largest discrepancy,
though if the temperature error bands quoted by
the various authors are taken into account the data
are conceivable more in alignment. It is also noted
that the Price material may have had some excess
silicon leading to higher swelling as compared to
stoichiometric material.

As mentioned earlier, the microstructural evolu-
tion of irradiated SiC is roughly understood, at least
for temperatures up to �1373 K. The swelling near
the critical amorphization temperature (�423 K) is
classically described as the differential strain
between the single interstitial, or tiny interstitial
clusters, immobile vacancies, and antisite defects.
As the temperature increases above the critical
amorphization temperature the number of defects
surviving the cascade are reduced and the mobility
of both silicon and carbon interstitials becomes sig-
nificant. For temperature exceeding �1273 K
microstructural studies have noted the presence of
both Frank loops and tiny voids indicating limited
mobility of vacancies. The apparent increase in
swelling with dose in the 1373–1873 K range seen
in Fig. 22, and the observed production of voids,
are interesting considering the maximum irradiation
temperature (�1773 K in Fig. 22) is �0.65 of the
melting (dissociation) temperature (Tm) for SiC.
Here we have assumed the value of Olesinski and
Abbaschian [13] of 2818 K where stoichiometric
SiC transforms into C + liquid phase. This value
of 0.65 Tm is high when viewed in comparison to
FCC metal systems where void swelling typically
begins at �0.35 Tm, goes through a maximum value,
and decreases to nil swelling by �0.55 Tm. (It is
noted that the melting and dissociation temperature
of SiC are somewhat variable in the literature. Even
considering this variability the previous statement is
still accurate). If, as the swelling data seems to indi-
cate, the voids in SiC are continuing to grow in SiC
irradiated to 1773 K the energies for diffusion of one
or both the Si and C vacancy must be quite high, as
are the binding energies for clustered vacancies.
This has been shown through theoretical work in
the literature [52,221–223]. However, it is noted that
the defect energetics obtained from that body of
work, and in particular those of the Si and C
vacancy, SiC vary widely. Perhaps the work of
Bockstedte et al. [222] following an ab initio
approach, is the most accurate yielding a ground
state migration energy for Si and C vacancies of
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3.5 and 3.4 eV, respectively. It was also noted by
Bockstedte et al. [222] that the charge state of the
vacancy will affect the migration energy. Specifically
the carbon vacancy in the +1 and +2 charge state
increases from 3.5 to 4.1 and 5.2 eV, respectively
and that of silicon in the �1 and �2 charge state
decreases from 3.4 to 3.2 and 2.4 eV, respectively.
Several papers discuss the vacancy and vacancy
cluster mobility measured experimentally. The sili-
con mono-vacancy has been shown to be mobile
below 1273 K. Using electron spin resonance, Itoh
et al. [216] found the irradiation-produced T1 center
in 3C-SiC disappearing above 1023 K. The T1 cen-
ter was later confirmed to be Si vacancy [217]. Using
electron spin resonance the carbon vacancy in 6H-
SiC is shown to anneal above 1673 K [224]. Using
isochronal annealing and positron lifetime analysis
Lam et al. [223] has shown a carbon–silicon vacancy
complex to dissociate above �1773 K for the same
6H single crystal materials studied here.

From a practical nuclear application view the
swelling data for CVD SiC can be broken down into
the amorphization regime (<423 K), the saturatable
point-defect swelling regime (423–1073 K) range
and non-saturated void-swelling regime which
occurs for irradiation temperature >1273 K. From
the data of Fig. 22 it is still unclear where the actual
transition into the non-saturated swelling begins.
Furthermore, while there is an increase in swelling
in the 1273–1773 K swelling as the dose is increased
from �1.75, 5.0, and 8.5 · 1025 n/m2 (E > 0.1 MeV),
is close to linear with neutron dose, it is unclear how
swelling will increase as a function of dose above
10 dpa. Extrapolation of swelling outside of the
dose range of Fig. 22 is therefore problematic.

3.2. Thermal properties

3.2.1. Heat content

According to Lee et al. [200], the effect of neutron
irradiation on the specific heat of SiC was negligibly
small. The specific heat of SiC is therefore assumed
to be unchanged by neutron irradiation.

3.2.2. Thermal conductivity

Due to a low density of valence band electrons,
thermal conductivity of most ceramic materials,
SiC in particular, is based on phonon transport.
For a ceramic at the relatively high temperature
associated with nuclear applications the conduction
heat can be generally described by the strength of
the individual contributors to phonon scattering:
grain boundary scattering (1/Kgb), phonon–phonon
interaction (or Umklapp scattering 1/Ku), and
defect scattering (1/Kd). Because scattering for each
of these elements occurs at differing phonon fre-
quencies and can be considered separable, the
summed thermal resistance for a material can be
simply described as the summation of the individual
elements; i.e., 1/K = 1/Kgb + 1/Ku + 1/Kd. As seen
in Fig. 7 the non-irradiated thermal conductivity
of SiC is highly dependent on the nature of the
material (grain size, impurities, etc.) and the temper-
ature. While materials can be optimized for low
intrinsic defect, impurity, and grain boundary scat-
tering, the temperature dependent phonon scatter-
ing cannot be altered and tends to dominate at
high temperature (above about 673 K for SiC).

The effect of irradiation on SiC in the tempera-
ture range of �423–1073 K (the point defect regime
discussed in Section 3.1) is to produce simple defects
and defect-clusters that very effectively scatter
phonons. For ceramics possessing high thermal con-
ductivity the irradiation-induced defect scattering
quickly dominates, with saturation thermal conduc-
tivity typically achieved by a few dpa. Moreover, as
the irradiation-induced defect scattering exceeds the
phonon–phonon scattering, the temperature depen-
dence of thermal conductivity is much reduced or
effectively eliminated.

The rapid decrease and saturation in thermal
conductivity of CVD SiC upon irradiation in the
point-defect regime has been reported by several
authors [49,193,215,225,226]. Fig. 23 shows this
rapid decrease in thermal conductivity for fully
dense CVD SiC including new data, previous data
from the authors [193,225], and that of Rohde
[49]. It is noted that the data of Thorne is omitted
as the material was of exceptionally low density
for a CVD SiC material. Moreover, the data of
Price [215] is published with a range of fluence so
as not to be valuable in the figure.

In recent papers by Snead on the effects of neu-
tron irradiation on the thermal conductivity of
ceramics [225], and specifically on SiC [219], the
degradation in thermal conductivity has been ana-
lyzed in terms of the added thermal resistance
caused by the neutron irradiation. The thermal
defect resistance is defined as the difference in the
reciprocal of the irradiated and non-irradiated ther-
mal conductivity (1/Krd = 1/Kirr � 1/Knon-irr). This
term can be related directly to the defect type and
concentration present in irradiated ceramics [225].
Moreover, this term can be used as a tool to
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compare the thermal conductivity degradation
under irradiation of various ceramics, or for exam-
ple various forms of SiC. It has been shown that, for
certain high purity forms of alumina, the accumula-
tion of thermal defect resistance is very similar even
though the starting thermal conductivity of the
materials is substantially different. Similarly, CVD
SiC was shown to have a similar accumulation of
thermal defect resistance as a hot-pressed form of
SiC with substantially lower (�90 W/m K) non-irra-
diated thermal conductivity. The utility of this find-
ing is that if the thermal defect resistance is mapped
as a function of irradiation temperature and dose
for a form of high purity CVD SiC it can be applied
to determine the thermal conductivity to any high-
purity CVD SiC, independent of starting thermal
conductivity. The accumulation in thermal defect
resistance generated from the data of Fig. 23 is
shown in Fig. 24.

Another result of the previously reported analy-
sis on irradiated CVD SiC [219] is that the thermal
defect resistance appears to be directly proportional
to the irradiation-induced swelling, though the data-
set for making the previous assertion was somewhat
limited. A compilation plot including the previous
data-set as well as the new data of Fig. 24 is shown
in Fig. 25. It is clear from this plot that the linear
relationship between swelling and thermal defect
resistance exists. Moreover, there does not appear
to be any effect of irradiation temperature on this
result. The fact that the thermal defect resistance
is proportional to the irradiation induced swelling
allows a rough estimate of thermal conductivity.
As measurement of thermal conductivity for the
SiC TRISO shell is not practical, while measure-
ment of density is routine, this finding allows an
indirect determination of thermal conductivity by
measurement of the density change in the TRISO
SiC shell by means of a density gradient column
or other technique.

The thermal conductivity degradation discussed
to this point has been for the point defect regime
discussed in Section 3.1. For irradiation above this
temperature (the non-saturatable void swelling
regime), the thermal properties are not expected to
saturate (at least at low dpa). The primary reason
for this is that the formation of voids and other
complex defects in the high temperature regime
(which contribute to the non-saturated swelling as
seen in Fig. 22) contribute to phonon scattering,



Fig. 24. Thermal defect resistance for stoichiometric CVD SiC as a function of neutron dose (Rohde data designated as x).
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and these defects will not saturate. Moreover, it has
been shown that the linear relationship that existed
between swelling and thermal defect resistance (as
seen in Fig. 25) does not exist in this elevated tem-
perature regime [219]. This underlines the fact that
the phonon scattering and swelling are no longer
controlled by the same defects in the lower temper-
ature saturatable and elevated, non-saturatable,
temperature regimes. A compilation plot of room-
temperature thermal conductivity as a function of
irradiation temperature for the saturatable and
non-saturatable temperature regimes is given in
Fig. 26.

By comparison to the non-irradiated room-tem-
perature conductivity value of �280 W/m K it is
clear that the thermal conductivity degradation in
the highest temperature regimes is less dramatic,
even though the swelling is rapidly increasing (see
Fig. 22). This is opposite to the behavior in the
lower temperature, saturatable regime, where high
swelling corresponds to extreme reduction in
thermal conductivity. Unfortunately, the data on



Fig. 26. Room-temperature thermal conductivity in the saturatable and non-saturatable regime.
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thermal conductivity reduction in the non-saturat-
able regime is limited, and given the lack of knowl-
edge of the specific defects governing the phonon
scattering, it is not possible to predict behavior out-
side of the data-set of Fig. 26.

Data presented thus far has been limited to mea-
surement of thermal conductivity at room-tempera-
ture. As described in Fig. 7, there is a dramatic
dependence of thermal conductivity on measure-
ment temperature. To first order the temperature
dependence of irradiated materials can be found
by applying the temperature dependence of non-
irradiated SiC. This approximation (dashed lines)
is compared to actual data (solid lines) in Fig. 27
and shows fair correspondence. However, it is clear
that such a treatment systematically underestimated
the thermal conductivity degradation. This implies
temperature dependence to the defect scattering that
is not presently understood.

3.2.3. Thermal expansivity
The only one report on the effect of neutron irra-

diation on thermal expansivity was found in Ref.
[4]. The porous reaction-bonded SiC material was
irradiated at 523, 748 and 973 K up to the neuron
fluence of 1.8–5.0 · 1025 n/m2. The results indicated
no significant change in thermal expansivity antici-
pated by neutron irradiation. No data is currently
available for other SiC forms.
3.3. Electrical properties

Reactor irradiation has a pronounced effect on
the transient, and permanent, conductivity of SiC.
Below irradiation temperature, the post-irradiation
electrical resistivity (at ambient temperature) of neu-
tron irradiated SiC remains unchanged by anneal-
ing, while, above the irradiation temperature, it
increases exponentially with increased annealing
temperature [227,228]. This transition temperature
is often used as the basis for determining irradiation
temperatures. The annealing behavior of the electri-
cal resistivity of SiC is very complicated due to the
combined effects of concentration, mobility, and
trapping of both majority and minority charge
carriers. Snead et al. [193,228] discuss the two per-
manent neutron irradiation effects on resistivity:
the effects of (1) nuclear transmutation and (2)
increasing dangling bond density by radiation-
induced defects. Nuclear transmutation may affect
the electrical resistivity, increasing the donor concen-
tration through the 30Si(n,c) 31Si, and subsequent
beta decay to (n-type donor) 31P. Additionally,
20% of the 290 wppm intrinsic (p-type acceptor)
boron is removed due to the 10B(n,a) 7Li reaction.
Similarly, other impurities such as nitrogen, alumi-
num, etc. would affect the electrical resistivity. It is
also noted that there is a transient radiation-induced
enhancement in electrical conductivity of SiC (as



Fig. 27. Effect of temperature on the conductivity of irradiated SiC. (a) Tirr = 800�C, (b) Tirr = 1500�C and (c) Tirr = 1020–1060�C.
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with all insulating materials) due to ionizing irradia-
tion [193], exists. This increased conductivity is sim-
ply due to ionization of electrons into the conduction
band and is therefore a function of the ionizing dose
rate. This phenomenon is transient, only occurring
while ionizing irradiation is present.
3.4. Mechanical properties

3.4.1. Elastic constants

Fig. 28 summarizes the irradiation temperature
dependence of the elastic modulus change. Irradia-
tion generally reduces modulus with greater
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reduction for lower temperature irradiation. The
modulus reduction becomes negligible when irradia-
tion temperature reaches or exceeds �1273 K. There
seems to be an indistinct stage between 1073 and
1273 K. As expected, the elastic modulus trends with
‘point defect swelling’ of SiC. Point defect swelling is
an isotropic volume expansion that is believed to
occur by lattice relaxation due to accumulated iso-
lated point defects and small point defect clusters
during irradiation at temperatures where vacancies
are not readily mobile. In SiC irradiated in the point
defect swelling regime (150–1000 �C), a fairly good
agreement of dimensional expansion and lattice
spacing has been confirmed by X-ray diffractometry
studies. In contrast, the data in the non-saturatable
swelling regime is somewhat limited, though the data
suggests that there is little reduction in elastic mod-
ulus even though the swelling is relatively large.
However, in this regime the defects responsible for
swelling are voids and other relatively large defects
which would have less of an effect on elastic modulus
as compared to point-defects.

An estimation of the influence of lattice relaxa-
tion on elastic modulus was attempted using the
Tersoff potential [229]. The result predicted a linear
lattice swelling of 1% causing approximately 10%
reduction in elastic modulus (Fig. 29). The predicted
elastic modulus change could be varied by more
than 10% depending on a selection of interatomic
potential, with the Tersoff potential giving a rela-
tively high sensitivity of modulus to the interatomic
distance among various empirical interatomic
potential functions. Therefore, the measured elastic
modulus changes observed in this experiment are
generally greater than the theoretical prediction. It
is noted that the methods applied for generating
the data of Fig. 29 are various and of differing qual-
ity. Typically, elastic modulus as measured by nano-
indentation, while sometimes the only alternative
for miniature specimens, which tends to give widely
scattered and less reliable data than the mechanical
or sonic modulus methods. Nonetheless, it is clear
that the lattice expansion is a major cause of the
irradiation-induced elastic modulus reduction in
SiC.

3.4.2. Hardness

The irradiation effect on nano-indentation hard-
ness of Roam and Haas CVD SiC in a fluence range
of 0.1–18.7 dpa is summarized in Fig. 30. It is inter-
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Fig. 30. Nano-indentation hardness of CVD SiC at ambient temperature as a function of irradiation temperature.
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esting to note that the nano-indentation hardness
exhibits relatively small scatter for the individual
experiments and the trend in data as a function of
temperature is uniform. This observation is in
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contrast to both the flexural strength and the inden-
tation fracture toughness data that indicate a broad
peak at an intermediate temperature. It is worth
noting that nano-indentation hardness of brittle
ceramics is, in general, determined primarily by
the dynamic crack extension resistance in the near
surface bulk material, and therefore should be more
relevant to fracture toughness than to plastic defor-
mation resistance. However, the nano-indentation
hardness is less affected by surface effects of the ori-
ginal sample as the samples are generally polished
prior to testing.
3.4.3. Fracture toughness

The effect of irradiation on the fracture tough-
ness of Rohm and Haas CVD SiC is summarized
in Fig. 31. This compilation plots data using the
Chevron notched beam technique, though the bulk
of the data-sets are reporting Vicker’s or nano-
indentation generated data [90–92]. The general
trend is that the irradiation-induced toughening
seems to be significant at 573–1273 K for the inden-
tation fracture toughness data in spite of the
decrease in elastic modulus, which confirms the
increase in fracture energy by irradiation. The scat-
ter for the indentation fracture toughness data
among different experiments is likely caused both
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Fig. 31. Indentation fracture toughness of CVD SiC at ambie
by condition of the sample surface and the lack of
standardized experimental procedures. Typically,
indentation should be applied on polished surfaces,
but conditions of polishing are not always provided
in literature. Moreover, the crack length measure-
ments are done using either optical microscopy,
conventional scanning electron microscopy (SEM)
or field emission SEM, all of which may give very
different crack visibility. In addition, a few different
models have been used for derivation of the fracture
toughness. In conclusion, indentation fracture
toughness techniques can be used only for qualita-
tive comparison within a consistent set of experi-
ments. It is noted that the irradiation-induced
toughening is also shown by the Chevron notched
beam technique, although data scatter is greater.
These results confirm in the intermediate irradiation
temperature range the increase of the fracture
toughness of SiC.
3.4.4. Strength and statistical variation in strength

There have been several studies on the effect of
neutron irradiation on the strength of various types
of SiC forms including reaction bonded, sintered,
pressureless sintered, and CVD SiC materials
[4,93,190,192,199,202,203,230–233]. The strength
of SiC depends significantly on stoichiometry under
000 1200 1400 1600 1800
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neutron irradiation. Both the sintered SiC and the
reaction bonded SiC forms exhibit significant deteri-
oration in strength by neutron irradiation (Fig. 32)
[202]. The presence of impurities such as sintering
additives for sintered SiC and excess Si for reaction
bonded SiC, which typically segregate to grain
boundaries, have a significant influence on strength
under neutron irradiation. For the case of sintered
SiC with boron compounds as sintering additives,
the reaction of 10B(n,a) 7Li causes the accumulation
of helium bubbles near the grain boundaries under
neutron irradiation [190,230–232]. In contrast,
anisotropic swelling between Si and SiC for reac-
tion bonded SiC causes disruption at the grain
boundary, severely reducing the strength [190,192,
199,230–233]. Meanwhile, the highest purity materi-
als such as CVD SiC exhibit superior irradiation
resistance.

The irradiation effect on flexural strength of
Roam and Haas CVD SiC in a fluence range of
0.15–18.7 dpa is summarized in Fig. 33. As with
the fracture toughness data, irradiation-induced
strengthening seems to be significant at 573–
1273 K. The large scatter in flexural strength of brit-
tle ceramics is inevitable since the fracture strength
is determined by the effective fracture toughness,
morphology and characteristics of the flaw that
caused the fracture. Irradiation possibly modifies
both the flaw characteristics and the fracture tough-
ness through potential surface modification, relaxa-
tion of the machining-induced local stress,
Fig. 32. Fluence dependence of irradiated flexural strength of hot-pre
modifications of elastic properties and fracture
energy.

A change in the Weibull statistics, indicating a
higher scatter in as-irradiated flexural strength has
been observed by previous authors, though the
point could not be made convincingly due to limita-
tions in the number of tests observed. In the earliest
work known to the authors, Sheldon [234] noted a
14% decrease in crushing strength of highly irradi-
ated CVD SiC shells with an increase of the coeffi-
cient of variation from 8% to 14%. Price [232]
used a four-point bend test on relatively thin
(�0.6 mm) strips of CVD SiC deposited onto a
graphite substrate. In his work the flexural strength
following an �9.4 · 1025 n/m2 (E > 0.1 MeV) irradi-
ation was unchanged within the statistical scatter,
but the scatter itself increased from about 10% to
30% of the mean flexural strength as described
assuming a normal distribution. Unfortunately,
there were not sufficient samples in Price’s work to
infer Weibull parameters. In more recent work by
Dienst [198] the Weibull modulus was reported to
decrease from about 10 to less than 5 for irradiation
of �1 · 1026 n/m2 (E > 0.1 MeV). However, it is
worth noting that the Dienst work used a rather
limited sample size (about 10 bars.)

Statistically meaningful data-sets on the effect of
flexural strength of CVD SiC are reported in this
proceedings by Newsome [203] and Katoh [93].
Fig. 34 shows a compilation Weibull plot of flexural
strength of non-irradiated and irradiated Rohm and
ssed and sintered SiC normalized to unirradiated strength [190].



0

0.2

0.4

0.6

0.8

1

1.2

1.4

1.6

1.8

2

0 500 1000 1500 2000

Ir
ra

di
at

ed
 S

tr
en

gt
h

N
o

rm
al

iz
ed

 to
 U

ni
rr

ad
ia

te
d 

V
al

ue
s

Irradiation Temperature [K]

Price [4], ETR, 2.8-12.2dpa
Snead et al. [202], HFIR+HFBR, 6.0-7.7dpa
Newsome et al. [203], HFIR, 1.0-4.2dpa
Price & Hopkins [232], HFIR HTK-4, 18.7dpa
Byun et al., HFIR, 1.9-4.2dpa (this work)

Flexure

Internal pressurization

Fig. 33. Flexural strength of CVD SiC at ambient temperature as a function of irradiation temperature.

366 L.L. Snead et al. / Journal of Nuclear Materials 371 (2007) 329–377
Haas CVD SiC taken from the two separate irradi-
ation experiments carried out by Newsome [203]
and Katoh [93] and they are summarized in Table
8. The sample population was in excess of 30 for
each case. In Fig. 34(a) the data was arranged by
irradiation temperature including data for non-irra-
diated and 1.5–4.6 · 1026 n/m2 (E > 0.1 MeV) dose
range. It is clear that Weibull modulus decreased
by irradiation and appears dependent on irradiation
temperature. This is not easily visualized through
inspection of Fig. 34(a) unless one notes that there
are significantly more low stress fractures populat-
ing the 573 K population. The scale parameters of
flexural strength of non-irradiated materials and
materials irradiated at 573, 773, and 1073 K were
450, 618, 578 and 592 MPa, respectively. The Wei-
bull modulus of flexural strength of non-irradiated
materials and materials irradiated at 573, 773 and
1073 K were 9.6, 6.2, 5.5 and 8.7, respectively.

The work of Katoh, on identical material and
irradiated at the same temperature as the Newsome
work, is at a slightly higher irradiation dose. As seen
in Fig. 34(b) the effect on the Weibull modulus
undergoes a similar trend to that of Newsome,
though the modulus for the 773 K irradiation of
Katoh is not in agreement, actually showing a slight
increase. However, this increase is likely due to a
statistical anomaly. Given the data discussed on
the effect of irradiation on the Weibull modulus
and scale parameter of CVD SiC bend bars it is
clear that the material is somewhat (perhaps negligi-
bly) strengthened and that the Weibull modulus
decreases by up to a factor of two, with the greatest
decrease occurring for the lowest temperature
irradiation.

The fracture strength and failure statistics of
tubular SiC ‘TRISO surrogates’ has been deter-
mined by the internal pressurization test and the
results are plotted in Fig. 35. Thin-walled tubular
SiC specimens of 1.22 mm outer diameter, 0.1 mm
wall thickness, and 5.8 mm length were produced
by the fluidized bed technique alongside TRISO
fuels [141,146]. The specimens were irradiated in
the High Flux Isotope Reactor (HFIR) to 1.9 and
4.2 · 1025 n/m2 (E > 0.1 MeV) at 1293 and 1553 K.
In the internal pressurization test, tensile hoop
stress was induced in the wall of tubular specimens
by compressively loading a polyurethane insert
[146,148].

In Fig. 35, Weibull plots of the flexural strength
and internal pressurization fracture strength of
non-irradiated and irradiated samples are presented.
As with the Newsome and Katoh data, the sample
population is large enough to be considered statisti-



Fig. 34. Weibull plots of flexural strength of non-irradiated and irradiated CVD SiC in the dose range of (a) 1.5–4.6 · 1025 n/m2

(E > 0.1 MeV) from Newsome [203] and (b) 7.7 · 1025 n/cm2 (E > 0.1 MeV) from Katoh [93].
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cally meaningful. From this data, the mean fracture
stress of tubular specimens is seen to increase to
337 MPa (from 297 MPa) and the Weibull modulus
slightly decreased to 3.9 (from 6.9) after irradiation
to 1.9 · 1025 n/m2 (E > 0.1 MeV) dpa at 1293 K.
The mean fracture stresses and Weibull moduli at
4.2 · 1025 n/m2 (E > 0.1 MeV) were similar to those
at 1.9 dpa. The results for 4.2 dpa irradiation indi-
cate that by increasing the irradiation temperature
from 1293 to 1553 K no apparent discernable
change in fracture stress distribution occurred. The
horizontal shift indicates a simple toughening or
an increase in fracture toughness alone. While the
data for these surrogate TRISO samples, irradiated
through internal compression, are somewhat lim-
ited, the findings indicate that the trend in strength
and statistics of failure are consistent with those
found for bend bars. Therefore the general findings
of the bend bar irradiation on strength and Weibull
modulus appear appropriate for application to
TRISO fuel modeling. Specifically, a slight increase
in the mean strength is expected (though perhaps



Table 8
Summary of Weibull statistical strength of CVD-SiC

Neutron
dose (dpa)

Irradiation
temperature (K)

Weibull
modulus

Weibull mean
strength (MPa)

Weibull characteristic
strength (MPa)

Number of
tests

Flexure Newsome [203] Non-
irradiated

9.6 433 450 25

1.5–4.6 573 6.2 582 618 56
1.5–4.6 773 5.5 541 578 55
1.5–4.6 1073 8.7 567 592 34

Flexure Katoh [93] Non-
irradiated

9.9 353 366 23

6.0 573 5.5 433 463 10
6.0 773 10.8 626 648 20
7.7 1073 7.9 598 627 31

Internal Pressurization
Byun [this work]

Non-
irradiated

7.6 301 316 32

1.9 1293 4.4 340 369 17
4.2 1293 5.4 341 365 22
4.2 1553 3.8 342 377 24
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Fig. 35. Weibull statistical fracture strength of CVD SiC measured by the internal pressurization test.
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negligible) and that the statistical spread of the frac-
ture data as described by the Weibull modulus will
broaden. Unfortunately a precise description of
how the Weibull modulus trends with irradiation
dose and temperature is not yet possible, though
within the dose range and temperature covered by
the data of Figs. 34 and 35 a reduction from a
non-irradiated value of 10 to an irradiated value
of 5 appears reasonable.
3.5. Irradiation creep

The definition of irradiation creep is the differ-
ence in dimensional changes between a stressed
and an unstressed sample irradiated under identical
conditions. Irradiation creep is important for struc-
tural materials for nuclear services since it is a major
contributor to the dimensional instability of irradi-
ated materials at temperatures where thermal creep
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is negligible. However, studies on irradiation creep
of SiC-based materials have so far been very limited,
though it is of high importance for the behavior of
the SiC TRISO shell.

Price published the result of an irradiation creep
study on CVD SiC in 1977 [4]. In that work, elasti-
cally bent strip samples of CVD SiC were irradiated
in a fission reactor, and the steady-state creep com-
pliance was estimated to be in the order of 10�38

[Pa dpa/m2 (E > 0.18 MeV)]�1 at 1053–1403 K.
Scholz and co-workers measured the transient creep
deformation of SCS-6 CVD SiC-based fiber which
was torsionally loaded under penetrating proton
or deuteron beam irradiation [235–238]. They
reported several important observations including
the linear stress and flux dependency of the tangen-
tial primary creep rate at 873 K, and the negative
temperature dependence of primary creep strain at
the same dose. Recently, Katoh et al. determined
the bend stress relaxation (BSR) creep in Rohm
and Haas CVD SiC and Hoya monocrystalline
3C-SiC during irradiation in HFIR and JMTR at
673–1353 K [239]. Results reported for CVD SiC
are summarized in Table 9.

In the BSR irradiation creep experiment by
Katoh et al., creep strain for CVD SiC exhibited
weak temperature dependence at <0.7 dpa in the
�673 to �1303 K temperature range, whereas a
major transition at higher doses likely exists
between �1223 and �1353 K. Below �1223 K, the
creep strain appeared highly non-linear with
neutron fluence due to the early domination of the
transient irradiation creep. The transient creep was
Table 9
Irradiation creep data for CVD SiC from bend stress relaxation experi

Tirr

(�C)
Fluence
(dpa)

Reactor Initial/final bend
stress (MPa)

Initial/
strain (

CVD SiC
400 0.6 JMTR 82/60 1.80/1.
600 0.2 JMTR 81/57 1.80/1.
600 0.6 JMTR 81/46 1.80/1.
640 3.7 HFIR 87/36 1.95/0.
700 0.7 HFIR 102/72 2.27/1.
750 0.6 JMTR 80/55 1.80/1.

1030 0.7 HFIR 85/61 1.94/1.
1080 4.2 HFIR 101/8 2.29/0.

3C-SiC
640 3.7 HFIR 87/30 1.94/0.
700 0.7 HFIR 102/90 2.27/2.

1030 0.7 HFIR 86/57 1.94/1.
1080 4.2 HFIR 101/1 2.29/0.
speculated to have been caused by the rapid devel-
opment of defect clusters and the structural relaxa-
tion of as-grown defects during early stages of
irradiation damage accumulation. At �1353 K,
irradiation creep mechanisms which are common
to metals are likely operating.

In metals, steady-state irradiation creep rates are
generally proportional to the applied stress and neu-
tron (or other projectiles) flux, / [240,241], and
therefore irradiation creep compliance, B, has been
conveniently introduced [240]

_eic ¼ rðB/þ D _SÞ; ð25Þ
where S is void swelling and D is a coefficient of
swelling-creep coupling. Ignoring the swelling-creep
coupling term, preliminary estimations of the
steady-state irradiation creep compliance of CVD
SiC were given to be 2.7 ± 2.6 · 10�7 and 1.5 ±
0.8 · 10�6 (MPa–dpa)�1 at �873 to �1223 K and
�1353 K, respectively.

If linear-averaged, creep compliances of 1–
2 · 10�6 (MPa–dpa)�1 were obtained for doses of
0.6–0.7 dpa at all temperatures. Monocrystalline
3C-SiC samples exhibited significantly smaller tran-
sient creep strain by 0.7 dpa and greater subsequent
deformation when loaded along h01 1i direction.

To better define the irradiation creep behavior of
SiC and the underlying physical mechanisms, it will
be essential to further examine the stress depen-
dence, dose dependence, effect of crystallographic
orientation, microstructures of the crept samples,
and the coupling between irradiation creep and
swelling.
ments

final bend
·10�4)

Creep strain
(·10�4)

BSR
ratio m

Average creep
compliance · 10�6

(MPa–dpa)�1

39 0.41 0.77 0.97
31 0.49 0.73 3.5
05 0.75 0.58 2.0
83 1.12 0.42 0.50
64 0.63 0.72 1.1
27 0.53 0.71 1.3
42 0.52 0.73 0.97
19 2.10 0.08 0.91

68 1.26 0.35 0.59
06 0.21 0.87 0.34
31 0.63 0.67 1.2
02 2.27 0.01 1.1



Fig. 36. Typical cross-section of a model TRISO-coated tube.

t – h (bond length)

h (debond length)

ab

τfr

τs

σ0

σd

r

z

z = 0

z = t – h

z = t

Fiber core
Matrix
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4. Pyrolytic carbon/silicon carbide interface of

TRISO-coating

4.1. Background

Under neutron irradiation, anisotropic volume
changes in the fuel kernel and/or the pyrolytic car-
bon often cause cracking within the inner PyC layer
that can penetrate through the SiC layer or partial
debonding at the inner PyC/SiC interface. If the lay-
ers do not completely debond at once or if only par-
tial debonding occurs, severe stress concentration
occurs at the tip of the crack opening between
layers, resulting in a finite probability of failure of
the SiC layer. In contrast, if the tensile radial stress
that develops between the inner PyC and the SiC
layers during irradiation exceeds the bonding
strength, then the layers would debond relieving
stresses. If complete debonding occurs, the stress
between inner PyC and SiC is effectively zero, i.e.,
the SiC layer would no longer experience concen-
trated stresses associated with shrinkage cracks.
This would decrease not only the probability that
a shrinkage crack would lead to failure of the parti-
cle, but also the overall failure probability. In this
case, the primary cause of stress in the SiC layer
would be fission product gas buildup, limiting the
failure to the more traditional pressure vessel failure
mode. The complete debonding may increase the
probability of the pressure vessel failure due to uni-
form pressurization, since the SiC stress due to
pressure would increase with a debonded inner
PyC layer. The primary failure mechanism therefore
depends significantly on the magnitude of the bond-
ing strength between layers.

Currently no data on the shear properties at the
PyC/SiC interface of the TRISO-coating is avail-
able. However, PyC/SiC interfacial properties, both
non-irradiated and neutron irradiated, using a sim-
ulated TRISO-coated tube material are presented
(this work). As with the surrogate tubular specimens
used for strength assessment, tubular samples were
fabricated in a TRISO fuel fluidized bed for the pur-
pose of PyC–SiC interfacial characterization as
shown in Fig. 36. A micro-indentation push-out
technique was developed to determine interfacial
parameters: (1) an interfacial debond shear strength,
which is required to initiate a crack at the interface,
and (2) an interfacial friction stress at the debonded
interface during fiber sliding (as defined in Fig. 37).
As the PyC/SiC interfacial measurement is funda-
mentally important to the transfer of load to the
TRISO shell, and due to the fact that its definition
is unique to this work, the balance of this section
will present a relatively detailed explanation of the
measurement and analysis of interfacial properties.
Details of the testing technique development and
the analytical model prediction approach for further
understanding of the interfacial shear behavior of
the TRISO-coating were discussed in Refs.
[242,243].
4.2. Interfacial debond shear strength

Fig. 38 shows a distribution of the debond initia-
tion stress with respect to the TRISO surrogate
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specimen thickness. The debond initiation stress
monotonically increases with increasing specimen
thickness and approaches a constant when t >
160 lm. By considering a relationship between
debond initiation stress and interfacial shear stress
(Eq. 20 in Ref. [243]), an interfacial debond shear
strength of 240 ± 40 MPa was obtained. Note that
Table 10 lists material parameters used in analysis.
As discussed previously [242], for thin specimens
(<120 lm-thick), the interfacial debond shear
strength becomes lower than the values expected.
Table 10
Material parameters applied in analysis

d (g/cm3) Ez (GPa) Er (GPa)

SCS-9A SiC fiberc 2.8 307 200
Buffer isotropic PyCd �1 20 20
Inner isotropic PyCd �2 30 30
CVD-SiCe 3.21 460 460
Fiber corea 1.65 64 30

a Calculated by Hashin’s theory [244].
b Average over the temperature range 298–1273 K.
c Product sheet form Specialty Materials, Inc. (Transverse properties
d Estimated from CEGA report [1].
e Product sheet from Rohm and Haas Co.
f Thermal expansion coefficient data from recent review in Fig. 8.
This is believed to be due primarily to the effect of
the stress relief from the open edges of the interface.

The interfacial debond shear strength at the inner
PyC/SiC interface of the TRISO-coating is quite
strong because the crack primarily propagates
within the transient phase between inner PyC and
SiC (Fig. 39). Such a high shear strength enables sig-
nificant loads to be transferred at the inner PyC/SiC
interface. The large scatter of the data is attributed
to the probabilistic nature of debond initiation
stress. According to the sensitivity analysis of the
mrh mrz Gz (GPa)a az (10�6/K)b ar (10�6/K)b

0.2 0.3 128 4.3 4.3
0.23 0.23 8 5.5 5.5
0.23 0.23 12 5.5 5.5
0.21 0.21 190 4.4f 4.4f

0.23 0.27 12 4.7 5.4

are calculated by Hashin’s theory [244].)



Fig. 39. A typical micrograph of crack propagation at the inner
PyC/SiC interface.
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parameters, the effects of measurement errors from
the specimen size and the elastic constants are very
small. For instance, 10% scatter of elastic modulus
provides less than 5% scatter in the results. Similarly
10% scatter of thermal expansion coefficient gives at
most 1% data scatter.

The effect of thermal expansion mismatch-
induced residual stresses on interfacial debond shear
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Fig. 40. Complete sliding stress vs. specimen
strength of TRISO-coated fuel particles is very
minor, although may exist [243]. It can be inferred
from this that the interfacial debond shear strength
of the TRISO-coated fuel particles, estimated from
the intrinsic value determined in Fig. 38 for the
thick specimens, is �240 MPa. Of course, this value
should be considered nominal as the interfacial
properties will likely vary as the TRISO fabrication
parameters are changed.
4.3. Interfacial friction stress

Fig. 40 shows the frictional sliding stress as a
function of TRISO surrogate specimen thickness.
The fitted curves derived from modified Shetty’s
model (Eq. (28) in Ref. [243]) are also plotted in
the figure. The modified Shetty’s model for a trans-
versely isotropic material gives the friction coeffi-
cient of 0.35 and the residual radial stress of
�350 MPa, yielding an intrinsic interfacial friction
stress of 123 MPa. Similarly the upper and lower
limits were obtained, giving data scatter of
�30 MPa.

It is apparent that the thermal expansion mis-
match between the fiber core and the SiC coating
is not significant and, similar to the interfacial
150 200 250

hickness, t  [μm]

Plateau stress model
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l
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Modified Shetty’s model
τfr = 88 MPa (lower limit)

thickness of model TRISO-coated tubes.



Table 11
Summary of recommended properties of high purity CVD SiC

Properties Non-irradiated Irradiated

Density, d d (298 K) = d0 = 3.21 g/cm3 =d0(1 + DV/V0)�1

Lattice parameter, a Eq. (7) a (298 K) = a0 = 0.43589 nm =a0(1 + DV/3V0)
Swelling, f, V/V0 – Function of irradiation temperature and neutron

fluence (Fig. 22)
Specific heat, Cp Eq. (8) for T < 200 K

Eq. (10) when T > 200 K (Fig. 4)
Cp (298 K) = 670 J/kg K

Assuming unchanged by irradiation (apparent Cp may
change when defect annealing is involved)

Thermal conductivity, K Eq. (12) when T > 298 K (Fig. 5)
K (298 K) = �<350 W/m K

K = (1/K0+1/Krd)�1 Function of irradiation
temperature and neutron fluence (Figs. 25 and 26)

Coefficient of thermal
expansion, a

Eq. (16) when T < 1273 K (Fig. 6)
5.0 · 10�6/K when T > 1273 K
a = 4.4 · 10�6/K (298–1273 K)

Assuming unchanged by irradiation (apparent a will be
affected by irradiation when defect annealing is
involved)

Young’s modulus, E Eq. (17) – Porosity dependence (Fig. 7)
Eq. (18) – Temp, dependence (Fig. 8)
E (298 K) = E0 = 460 GPa

=E0(1 � 6.974 DV/V0) when Tin < 1273 K (Fig. 29)

Poisson’s ratio, m Dependent on porosity & impurities
Minor change at elevated temperatures
m(298 K) = 0.21

Not specified

Shear modulus, G =E/2(1 + m)
G (298 K) = 191 GPa

=E/2(1 + m)

Hardness, H HV (298 K) = 22 GPa (4.9–19.6 N)
Decrease with increasing porosity (Fig. 9)
Decrease at elevated temperatures (Fig. 10)

Increase by irradiation
Nearly independent of irradiation temperature and
neutron dose (Fig. 30)

Fracture toughness, KIC KIC (298 K) = 3.2–3.5 MPa m1/2

Dependent on grain size (Fig. 11) and tem-
perature (Fig. 12)

Increase by irradiation (Fig. 31)

Characteristic strength, r0 Dependent on specimen size (surface area
dominant)
Increase at elevated temperatures (Fig. 13)

Increase by irradiation (Fig. 33)

Weibull modulus for
fracture strength, m

4–11 Decrease or unchange (Fig. 35)

Thermal creep Eq. (21) – Primary creep
Eq. (22) – Steady-state creep (Fig. 14)

–

Irradiation creep – Eq. (25)
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debond shear strength evaluation, the slight mis-
match in the thermal expansivity therefore has a
minor effect on the interfacial friction stress. In con-
trast, the significant residual radial stress at the
interface is due primarily to the roughness at the
cracked surface. Originally, the tortuous inner
PyC/SiC interface formed by CVD does not allow
crack propagation along the actual boundary
between inner PyC and SiC, giving a very rough
crack plane (Fig. 39). For a similar reason, the large
Table 12
Summary of material properties of the PyC/SiC interface of
TRISO-coating

Properties Non-irradiated Irradiated

Interfacial debond
shear strength, ss

�240 MPa Not specified

Interfacial friction stress, sfr �120 MPa Not specified
friction coefficient would be attributed to the rough
surface at the interface.

4.4. Effect of irradiation on interfacial strength

Unfortunately, no data exists for the effect of
neutron irradiation on the interfacial debond shear
or friction stress for TRISO particles or surrogates.
However, based on interfacial property measure-
ment carried out on non-irradiated and irradiated
SiC fiber composites utilizing pyrolytic graphite
interphase layers (which should undergo similar
irradiation-induced changes to the TRISO inner
PyC and outer PyC), a slight decrease in both
debond shear and friction stress is expected
[245,246]. It is the intent of the authors to carry
out a direct measurement for irradiated TRISO
fuels in the near future.
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5. Conclusions

The purpose of this work was to provide a sum-
mary compilation of properties of non-irradiated
and irradiated SiC for use in TRISO fuels modeling.
Included in this summary was significant new work
on the properties of strength of TRISO surrogate
shells, materials irradiated under high-temperature
neutron irradiation, and for the interfacial strength
between the pyrolytic carbon layer and the SiC
shell.

Tables 11 and 12 summarize material properties
of SiC and PyC/SiC interface, respectively. It is
noted that much of this data is still inadequate for
the entire irradiation performance range expected
for TRISO fuels in application, though provides a
substantial improvement over the previously
assumed CEGA data-set. Moreover, this handbook
will be continuously updated as data comes avail-
able. The intent of the authors is to continue to
update this data-base as TRISO-relevant data
becomes available (including potential alternative
materials such as ZrC) and to make such a hand-
book openly available.
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